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Abstract

.-Astudy of hydrogen effects aPonduted>on 99.999% pure aluminumn,

Hydrogen was introduced e tePy-iueans-eoa corrosion process.

Two corrosive media were used; deionized pure wate, and,,afi alkaline solution)

- --l11iurme#ias used for dynamic hydrogen charging during mechanical tests and!,

4e-_.e)for hydrogen precharging The corrosion reaction in the dynamic

charging was intensified by application of weak ultrasonic oscillations. '"

It was found that hydrogen changed~the response of the material to

plastic deformation causing softening and plastic deformation localization on

the macroscale and slip line coarsening as well as an increase in their

waviness on the microscale. Hydrogen did not cause an earlier onset of the

macroscopic plastic instability, i.e. necking.

Hydrogen modified the fracture modeCIclaagng i from a totally ductile,

chisel point type to a more brittle transgranular or intergranular fracture.

ih fracture started only afterhiie'nset of necking. The hydrogen induced

fracture modification is believed to result from the plastic deformation

modification and from the effect of hydrogen on microvoid nucleation. Some

fracture surfaces were covered with a film,, that was occasionally fragmented

by a network of cracks -("mud crack pattern"). 7This phenomeno is believed to

be a post fracture effect caused by adhesive wear between opposite fracture

surfaces. _.

Hydrogen charging resulted in he formation of bulk vacancy clusters, 4-
L~r t'r.

linear dimensions shrinkage and grain growth + wes interpreted as

evidence for vacancy production during the corrosion reaction and for a

significant hydrogen-vacancy binding enthalpy.

'
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1. INTRODUCTION

Aluminum base alloys in general and high strength aluminum alloys in

particular experience premature failure when stressed in a corrosive,

environment. Structural parts subjected to sustained loads break at levels

much lower than their designed strength. Total elongation and reduction in

fracture area were decreased in slow strain tensile tests when neutral

environments were changed to corrosive media. This failure process was

generally considered to result from stress corrosion cracking and several

possible mechanisms were offered to explain the phenomena.

In the last decade, a great deal of attention has been directed towards a

hydrogen embrittlement mechanism to account for these failures. Despite the

considerable evidence that hydrogen adversely influences the ductility of

aluminum al1nys, there is very little known about the reasons for these

effects.

Most commercial aluminum alloys are very complicated systems with many

significant structural parameters. Some of these important parameters are the

type, size and distribution of bulk precipitates and constituent particles, the

chemical composition of grain boundaries, the type, size and distribution of

precipitates on grain boundaries, the width of the precipitate free zone (PFZ)

adjacent to the grain boundary and the distribution of alloying elements in the

PFZ, and the composition and the properties of the surface oxide. It Is very

difficult, if not impossible, to change one of those parameters independently of

the others. Despite this, a great many attempts have been undertaken to relate

the above parameters to the sensitivity of the alloy to environmental embrittle-

ment. Based on these studies there is no doubt that variation of some of the

:., -'W' .,, , ' . ,:- " '€ : : €- . - V
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structural parameters affects the environmental fracture resistance. While

some of these relations have been characterized, the basic mechanism of

environmental fracture is not known.

Use of pure aluminum, with its inherent simplicity of structure, is very

advantageous for studying the basic mechanisms of environmental embrittlement.

However, except for liquid metal embrittlement, pure aluminum is generally

thought to be immune to environmental embrittlement at room temperature. A

goal of the present study is to demonstrate that pure aluminum is in fact

sensitive to environmental embrittlement and to begin a study of the mechanism

of embrittlement.

ft
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2. LITERATURE SURVEY

2.1 Hydrogen Solubility

The solubility of hydrogen in aluminum in equilibrium with the gas phase

is very low when compared to other metals. There is generally good agreement

in the reported data indicating that the solubility in the solid Is about

1 at ppm at 660C (the melting point) and 1 atm pressure of hydrogen gas and

about ten times higher in the melt (1-4). Extrapolating the reported results

to room temperature we arrive at 10-8 - 10-6 at ppm for the solid solubility

in equilibrium with one atmosphere of gaseous H2. The enthalpy of solution

obtained from solubility curves are 0.41 eV, 0.67 eV, 0.67 eV and 1.52 eV from 2w.

Refs. (1), (14), (64) and (4) respectively, and that theoretically derived by

Larsen and Norskov (15) is 1.3 eV. V.'

Z.2 Hydrogen Diffusion

Reported values for the preexponential 0o, and activation enthalpy, &H,

for hydrogen diffusion in high purity aluminum scatter significantly; values

of D0o range from 4.6x10 "2 to 1.2x1 5 cm2/sec and 14 values have been reported

in the range of 0.38 to 1.45 eV (4-10). The scatter band narrows considerably

if the data reported by Ransley thirty years ago (6) are discarded. In this

case, the range of o s 4.6x10 2 to 1.3xjO1cm2/sec and the reported activation

enthalpy values lie between 0.38 and 0.7 eV. The above data were obtained in

the high temperature range, 633-898*K, using a desorption method with one

exception where a permeation technique was employed (10). Extrapolating to

room temperature the diffusivity is found to be 5x10"22 cm2/sec from the

Ransley data and in the range of 0.96x10"11 to 2.4x10 8 cm2/sec from the other

F T* -** * -* *****, - * * *, *.* * ** .~,- * ,
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sources. The first experimental result obtained at room temperature by

permeation methods gave 2x10 7 cm2/sec (10). It was concluded, in the study

by Hashimoto (10), which used permeation methods, that the diffusion mechanism

in the high temperature range differed from that near room temperature. From

the fact that the diffusion coefficient obtained by extrapolation to room

temperature was four orders of magnitude less than that obtained

experimentally and from the observation that the observed diffusion activation

enthalpy of about 0.61 eV at high temperatures was very close to that of

vacancy mobility in Al, it was suggested (10) that hydrogen diffused as a H-

vacancy pair in the high temperature range and as a single H interstitial atom

at low temperature, i.e., near room temperature. A diffusivity of 2.2 x

10- 10 cm2/sec has been reported recently from a room temperature permeation

study (62).

For the low purity aluminum, smaller diffusion coefficients were reported;

giving 0o in the range 2x10 2 to 2.5x10 2 cm2/sec, and activation enthalpies

ranging from 0.52 to 0.93 eV (7,11,12). Extrapolating to room temperature

gives diffusion coefficients ranging from 5.8x10 "14 to 4.6x10 12 cm2/sec.

2.3 Sites for Location of H Solutes

2.3.1 Grain Boundaries

The only known direct experimental evidence concerning H interactions

with grain boundaries in Al was achieved by autoradiography with tritium

saturated samples (13). Tritium was preferentially located at subgrain and

grain boundaries produced by high temperature metal processing. In this

case, small voids were found at high tritium sites indicating that

they were places where the tritium precipitated from solid solution.

Fresh boundaries produced by cold work and subsequent low temperature



anneals were not deposition sites for tritium. It was concluded

that the presence of impurity atoms at grain boundaries was necessary for the

tritium enrichment.

In another study, hydrogen solubility reduction with grain growth was

discussed (14). Interpreting their results, the authors concluded that the

hydrogen binding enthalpy to the grain boundaries was about 0.15 eV.

2.3.2 Vacancies

Interaction of hydrogen with vacancies has attracted much more attention

than either hydrogen-dislocation or hydrogen-grain boundary interactions.

Recent theoretical calculations showed that hydrogen atoms should reside near

the tetrahedral site around a vacancy with the binding energy of about 1 eV

(15,16). The latest calculations show HB(H-Vac) - 0.5 eV (78). The direct

experimental evidence has been provided by the channeling technique (17).

Indirect evidence for a hydrogen-vacancy interaction has been found in recent

d'fusion experiments (10).

The interaction of hydrogen with a g,,nup of vacancies has been shown in

quenching experiments where the hydrogen presence changed the supersaturated

vacancies' precipitation form from loops to voids (18).

2.3.3 Dislocations ,

No conclusive evidence is present for hydrogen-dislocation binding in pure

aluminum. Foster et al. found using autoradiography that tritium was located

along slip bands in the necked region of tensile specimens (13). However, they

found numerous small voids on the grain boundaries that presumably contained all

the tritium prior to the deformation. In this case, their results could be

interpreted by the alignment of voids along a shear hand.
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Albrecht et al. considered the depth of embrittled layer in 7075 alloy

after cathodic precharging with simultaneous straining and concluded that

their results could be explained only by dislocation transport of hydrogen

2.3.4 Voids and Bubbles

It was found by quenching and implantation experiments that the presence

of hydrogen (or helium) in the lattice is necessary for void formation (21-

23). In all these reporti vacancy supersaturation is assumed as a pre-

condition to the void nucleation. Low dose helium injection (0.1, 1.0,

10 appm) alone did not cause any void formation whereas a subsequent aluminum

ion bombardment gave rise to void formation at all three helium concentrations

(23). The effect of temperature on the void size and distribution was

consistent with homogeneous nucleation; void size increased and void density

decreased with increases in the temperature (23,24). In no case have

dislocations punched out from the voids been reported. However, high pressure

hydrogen bubbles have been reported to occur at grain boundary precipitates in

high strength aluminum alloys (52). In this case, hydrogen bubble formation

and subsequent dislocation injection into the surrounding matrix occurred

under the action of an electron beam of the transmission electron microscope.

An important piece of evidence has been reported in quenching experiments

by Shimomura et al. (18). They found that the concentration of voids was

proportional to the square root of the hydrogen partial pressure in the gas

atmosphere (hydrogen-helium mixture). This result suggests that a single

hydrogen atom at a vacancy cluster enabled the void to nucleate.

P J
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2.3.5 Hydrides

Aluminum and hydrogen form A1H and AlH 3 hydrides but only AlH 3 is known

to exist in a solid form (25). It has been reported in polymeric and

crystalline forms (25). The crystalline form has been identified as hexagonal

with lattice dimensions a = 4.449 A and c = 11.804 A (25). The hydride is

unstable and very slowly decomposes into the elements at room temperature.

The rate of decomposition increases with temperature and in the presence of

Irradatlon by y, x-rays or electrons. It takes about 200 min to decompose

commercially available AlH 3 powder at 140*C and only 10 min when the AlH 3 is

y-ray preirradiated (26). The hydride decomposes in 20-50 sec in the

transmission electron microscope (27).

In two cases, the hydride has been reported to form in solid aluminum

supersaturated with hydrogen. In the first case, hydrogen (deuterium) was

introduced in high purity aluminum by ion bombardment (28). While additional

x-ray diffraction peaks were ascribed to AlH 3 the authors reported lattice

parameters of a'- 2.90 A and c - 4.55 A which a.re different from those

determined for AlH 3. In the second case, AlH 3 was reported to occur on the

fracture surface of an AI-Zn-Mg alloy precharged with hydrogen and broken in

argon (29). In this case, the hydride lattice parameters were again found to

be a - 2.90 A and c - 4.55 A as in the first case. The surface layer believed

to be the hydride was fragmented by a crack network in the pattern commonly

observed on the stress corrosion fracture surface of 7XXX aluminum alloys and

which is known as the "mud crack pattern." Other researchers suggest,

however, that the fragmented layer is composed of aluminum hydroxide (54).
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2.4 Environmentally-Assisted Embrittlement

The term "brittleness" as used in this paper refers to the deformation

which accompanies the fracture process rather than the total strain to

failure. Furthermore, its use refers to the degree of general deformation

which accompanies fracture rather than the microscopic deformation localized

at the crack tip.

The amount of macroscopic plastic deformation which is exhibited by a

specimen can be divided in two parts; that which precedes crack nucleation and

that which occurs during crack propagation. In recent years most efforts have

focussed on the latter part, probably due to its importance in the prevention

of catastrophic types of failure of structural parts and due to the modern

design philosophy which assumes the preexistence of microcracks in the

structural parts.

As a result of being exposed to some specific environments, metallic

materials often exhibit premature fracture related to environmentally enhanced

embrittlement. Such types of fracture as stress corrosion cracking (SCC) and

liquid metal embrlttlment (LME) need specific corrosive environments while

hydrogen embrittlement (HE) is directly related to the presence of hydrogen

regardless of the environment from which it is derived. An operating

mechanism has not been well established in any of the three types of

environmentally related fracture and in fact there may be several operative

mechanisms in each case.

Stress corrosion cracking was commonly related to a dissolution process

at the crack tip; however, the possible role of absorbed hydrogen received

much recent attention (30). In the case of liquid metal embrittlement, the

possible role of the adsorbed liquid metal was attributed either to reduction

,..
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in the cohesive energy or to the enhancement and localization of plastic flow

at the crack tip (31). Similarly, hydrogen embrittlement in non hydride

forming metals is assumed to result either from cohesive strength reduction

(32) or enhanced crack tip plasticity (33). Direct evidence for the latter

has been obtained lately in the in-situ experiments (34-37). In hydride

forming metals, the embrittlement is caused by the hydride precipitation at

the crack tip (38).

2.4.1 Environmentally-Assisted Embrittlement In Aluminum and its Alloys

2.4.1.1 Liquid tetal Embrittlement

Aluminum and its alloys are sensitive to liquid metal embrittlement in

specific metals. Liquid gallium was shown to penetrate along grain boundaries

and cause total disintegration of pure aluminum even in the absence of applied

load (39). Liquid mercury acts in a similar but much less severe manner and

reduces overall ductility from 76% to 54% (40). Lynch investigated LME in

monocrystals of Al-6%Zn-3%Iig alloy and found it purely mechanical in nature

(41). The fractures were cleavage-like, macroscopically parallel to f100|

planes and propagated in <110> directions. Extensive slip was found to occur

at the crack tip on (111) planes intersecting the cracks. The fracture

surface was shown to be composed of shallow dimples. These observations

provided support for the mechanism according to which the adsorbed liquid

metal species reduces the shear strength and induces localized slip at the

crack tip resulting in a locally duct fracture.

2.4.1.2 Stress Corrosion Cracking

Stress corrosion cracks have never been reported for pure aluminum. For

a long time the preferential anodic dissoluton mechanism dominated the

'',,.
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explanations of SCC in aluminum alloys (42). Plastic deformation was

incorporated into this mechanism as a factor causing fracture of the passive

film (30). In the last 10-15 years, however, a great deal of attention has

been directed towards a hydrogen embrittlement approach. Such findings as

reversible embrittlement, high sensitivity to the loading mode, occurrence of

brittle cracks at low moisture levels which are unable to cause a condensate

at a crack tip, and hydrogen liberation from preembrittled alloys broken in

vacuum provided evidence for a possible role of hydrogen in stress corrosion

process (19,43-45). The role of corrosion processes, according to this

approach, is merely to provide hydrogen at the metal surface. 1he fact that

SCC still occurs in the loading mode III (pure torsion), although with much

less severity than in the mode I (pure tension), is taken as evidence that

anodic dissolution is possible and may be the dominant mechanism at some

loading and environmental conditions (44). This conclusion is somewhat

questionable as it is very difficult to achieve a pure mode III loading. The

fracture path in SCC failures which occur In high strength Al alloys in

service Is generally intergranular (46). In slow strain rate experiments,

transgranular fracture has been reported and appears to be related to

conditions under which low levels of absorbed hydrogen were produced (47).

The SCC fracture surfaces are commonly covered with a cracked brittle

layer known as the "mud crack pattern." The nature of this layer is unclear.

2.4.1.3 Hydrogen Embrittlement

As mentioned earlier, there is persuasive evidence for hydrogen

embrittlement in high strength aluminum alloys. Previous research has

focussed upon the role of various microstructural parameters, such as oxide
'

films, grain boundaries and precipitates, in the hydrogen embrittlement

Loam.



process. Analysis of these results suggests, however, that they relate to the

rate controlling steps rather than to the mechanics of hydrogen embrittlement

process.

Previous mechanical property tests did not reveal any influence of gaseous

hydrogen on the mechanical properties of aluminum (48). Blister formation on

the surface of comercially pure aluminum (1100 aluminum alloy) has been

interpreted as an indication of hydrogen embrittlement (49). Blister cross

sections and the morphology of the internal surfaces were studied and it was

concluded that the internal delamination leading to the blister formation was an

intergranular fracture accompanied by plastic deformation. Since the blisters

were formed at 773 0K, aluminum hydride is very unlikely to be involved.

In 1956, 1100 aluminum was reported to disintegrate along grain boundaries

above 200C in a water vapor atmosphere (50). The severity of the attack was

reduced by coupling aluminum to more cathodic metals. It has been concluded

that the attack was mechanical damage caused by hydrogen penetrating along grain

boundaries.

It was found in recent in-situ TEM experiments on pure aluminum and on 7XXX

series alloys that hydrogen induced crack propagation by enhanced plasticity at

the crack tip (51), suggesting a localized ductile mechanism for hydrogen

embrittlement. On the other hand, a thin specimen of high strength aluminum

alloy was cracked in a stress corrosion test conducted in moist air and then

studied in the transmission electron microscope. No dislocations were found

along the crack and totally brittle behavior was suggested (43).

The study of hydrogen precharged thin samples in the transmission

electron microscope revealed interaction of dissolved hydrogen with an

electron beam resulting in bubble nucleation and growth (52,53).
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Aluminum hydride has been reported on the fracture surface of a pre-

embrittled high strength aluminum alloy (29). Morphologically it resembled

the "mud crack pattern" common to stress corrosion cracks. This finding opens

the possibility of a hydride related mechanism of hydrogen embrittlement in

aluminum base alloys.

The suggestion of hydrogen induced lattice decohesion is often advocated,

however, without direct experimental evidence.

* 'p
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3. EXPERIMENTAL PROCEDURE

3.1 Sample Preparation

Super Raffinal aluminum, 99.999% pure, ingots were used throughout this

research. These ingots, purchased in 1961, were supplied with chemical

analyses by the manufacturer. The only detectable elements were Si , Fe and Cu

with corresponding concentrations of 1, 2.2 and 1 ppm. This material was

sufficiently pure to allow recrystallization at room temperature. The ingots

were cut into pieces, cold rolled at room temperature to thicknesses of 0.08,

0.25 and 0.5 mm and then used in the cold rolled form or annealed at 550*C.

The thinnest sheets were used for a study of the effects of pure water on

an ultrasonic field on fracture. Several tensile specimens, in the form of a

double cantilever beam, were prepared from the 0.25 mmn thick sheets. A major

part of the study was carried out using the 0.5 mm thick sheet. Two types of

tensile specimens were cut from this sheet; (1) specimens having a variable

gauge section width (type 1), and (ii) those with a uniform gauge section

(type 11). The geometry and dimensions of these specimens are given in Figure

1.

3.2 Slow Strain Rate Tensile Tests with Simultaneous HydrogenCharging

The tensile specimens used for these experiments were tested while

immersed in deionized water contained in a plastic container and subjected to

an ultrasonic field. A Branson cleaner, Model 220, has been adapted for the

purpose of producing this ultrasonic field. The stainless steel bath has been

taken out of the cleaner and the plastic container with the lower grip was

L
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9

0

0

Fig. 1. Geometry and dimensions of tensile specimens.

p

0_

0

Fig. 2. A schematic illustration of a test assembly. (1) an ultrasonic bath;
(2) a lower grip made out of Macor; (3) an upper grip made out of
Macor; (4) a plastic container; (5 and 6) bolt made out of Lexan
(7) specimen.

,~ - .r~. - - , .-
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mounted in it as shown schematically in Figure 2. No metallic parts other

than the specimen were present in the plastic container during the testing to

* avoid electrolytic currents. The whole assembly was mounted on a MTS machine.

The specimens used in this part of the study were mainly of type I notched

from one side in the middle of the gauge length. The notch was made 0.25 mm

* wide and 0.75 mmi deep using a spark erosion machine,,,

3.3 Slow Tensile Tests With Hydrogen Precharged Specimens

* Hydrogen was introduced into tensile specimens by charging in NaOH

solutions saturated with Al ions. The pH of the solutions was chosen to be in

the chemically active region according to the Pourbaix diagram for Al. In

general a solution having pH 12 was used. The solution pH4 was monitored with

PHydration Papers. To reduce pitting during the charging, the solution was

stirred with a Porta-Stir magnetic stirrer.

After charging for times sufficient to allow H diffusion throughout the

specimen thickness, the tensile specimens were strained in air in the same

assembly as that used for the dynamic charging. The specimens were coated

with silicone oil before and during the straining to prevent contact with

humidity in the atmosphere.

The hydrogen content of the charged samples was determined by the vacuum

extraction technique with a liquid nitrogen trap to condense any water vapor

which may have been evolved from the specimens. Specimens for the hydrogen *

Oleanalyses usually were melted to reduce the time of the analyses and to

increase its precision.



17

4. RESULTS AND DISCUSSION

4.1 Degradation and Hydrogen Charging of Thin Sheet Specimens in an

Ultrasonic Water Bath

In the first part of the work 0.08 num thick sheet specimens were exposed

to pure deionized water in an ultrasonic field without the application of an

external stress. While no measure of the ultrasonic field intensity was

carried out, it was not particularly intense as it was produced by a 220 W

Branson Model with an input power of 125 W. Damage in the form of cracks,

surface blisters and cavitation-erosion pits was observed in these unstressed

specimens as shown in the typical examples given in Figures 3 and 4. Cracks

were formed at the grain boundaries and were accompanied by a significant

amount of plastic deformation as judged from the crack opening displacements

and from the fracture morphology. While some of the fracture surfaces looked

much smoother than that seen in Fig. 4, there almost always was evidence for

plastic deformation in the form of surface shear lips and crack openings.

Cracking of the sheets was especially severe if the specimens were quenched

from elevated temperatures and cathodically charged with hydrogen before being

placed in the ultrasonic bath. In this case, a specimen having an area of

about 15x45 num was totally disintegrated in about 10-15 min. Grains were

observed to fall out of the sheet during the exposure to the ultrasonic bath.

Continuous twisting and bending of a thin strip was observed in the ultrasonic

bath indicating a substantial nonuniform plastic deformation was probably caused

by the cavitation.

It has been found that a very large amount of hydrogen absorption took place

during the exposure to the ultrasonic bath. For example, about 8,000 appm of

hydrogen was measured after the exposure to the ultrasonic field in pure H~20
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..... .. .......

Figure 3. A view of the surface of a 0.08 thick sheet after a treatment in an }
ultrasonic bath. Notice grain boundary cracks. Some of the cracks .
are open which indicates a large amount of grain boundary sliding..
Before the ultrasonic treatment the sample was quenched from 600*C _.
into ice water and then cathodicallyv charged with hydrogen

7I

0I

Figure 4. The same sample as in Figure 3. A view on the open grain boundary
crack at the edge of the sheet. A fracture "A" and a sheet surface
"B"are seen.
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for ahout a week. Based on these observations, the ultrasonic bath containing

deionized water was used to charge specimens during the mechanical property

tests.

4.2 Slow Strain Rate Tests with Simultaneous Hydrogen Charging

4.2.1 Macroscopic Deformation Behavior

A systemnatic study of such macroscopic deformation parameters as the

ultimate tensile stress, total elongation to fracture, amount of uniform

elongation up to the onset of necking and elongation during localized necking,

has been carried out for type I specimens with the results given in Figures 5

and 6. The hydrogen charging during the tensile tests was carried out using

an ultrasonic field and deionized H20 as previously discussed. As a

reference, similar tests were carried out in silicone oil with and without the

ultrasonic field. In the silicone oil environment, no effect of the ultra-

sonic field was observed. It should be kept in mind, however, that ultrasonic

oscillations are expected to be stronger in water than in silicone oil due to

the difference in their viscosity and therefore a possible effect of the

ultrasonic vibration on the mechanical behavior cannot be completely ruled out

in our tests. The value of the ultimate tensile stress is decreased by

hydrogen charging at all of the deflection rates studied. The decrease in the

ultimate tensile stress is most pronounced for tests carried out in H20 with

the ultrasonic field but decreases are also seen in precharged specimens.

Figure 6 represents the dependence of the total elongation to fracture and

its components; uniform elongation prior to necking (as indicated by the

irreversible load drop) and elongation during the localized necking

Th eesbeladdosidct a 5izrst of plqstic instability during the

uniform stages of deformation.
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to fracture, on the elongation rate. The only difference between the two

groups appears at the local necking stage. At deflection rates below 1.254104

mm~ sec-1, a decrease in the amount of plastic deformation in the necking stage

is observed. Such a tendency doesn't appear in the reference group of

specimens tested in silicone oil. However, due to the large error in the

results, the difference between the two groups is statistically significant

only at the slowest crosshead velocity, 1.25 x 1-5 inm sec-1.

Bursts of plastic instability were observed during the uniform elongation

of specimens tested in water in an ultrasonic bath. These could be seen on

the load deflection curves of the slowest strain rate tests and were

manifested either by fast erratic movement of the chart recorder pen or by the

slower load drops, with the greatest load drops occurring towards the onset of

necking. Much less pronounced bursts of plasticity were observed in the

control group tested in silicone oil.

4.2.2 Fracture Behavior

Cracks usually developed from the notch root. At all deflection rates,

the cracks began propagating after the onset of macroscropic localized

necking. This was confirmed by correlating the onset of visible cracks to the

load-deflection chart. Whereas in neutral environments the cracks generally

started after a substantial delay after the necking began, the cracks in the

ultrasonic water bath tests proceeded immediately or shortly after the load

drop development.

Specimens tested in silicone oil with or without application of

ultrasonic osc-illations, in laboratory air and in water without ultrasonic

application fractured in a completely ductile manner with a chisel point type

* - ILI/
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of fracture (100% reduction in area). In some specimens tested at the lowest

deflection rate, small areas which differed from the chisel point fracture

have been detected during the SEN observation. The reduction In area was

still close to 100%.

Specimens tested in the ultrasonic water bath showed a completely different

behavior. Only at the highest extension rate used, 1.6x10 3 mm sec "1

was the fracture sometimes of the chisel point type. At all the slower

deflection rates tests fracture occurred before complete necking. The lower

the extension rate, the smaller was the extent of necking that preceded the

fracture (Figure 7). As also can be seen from Figure 7, the crack initiated

when total or almost total necking developed at the notch root. One specimen

with two very sharp notches cut from the two opposite sides was tested at a

deflection rate of 1.25 x 10-5 mm sec-1 to determine whether severe necking

occurs prior to crack initiation even for a sharp crack-like notch. Even in

this case almost total necking at the root notch preceded the crack

nucleation. The amount of plastic deformation which developed before the

initiation of the fracture was evaluated quantitatively by measuring the

reduction in thickness of specimens 1 mm from the notch root (Figure 8).

The crack path was primarily transgranular. However, for the three

slowest extension rates, 6.2, 2.55 and 1.25x10 5 mm sec "1, the crack propagated

initially in a transgranular fashion and then changed to a predominantly

intergranular mode towards the end of the fracture process (Figure 9). The

appearance of the transgranular fracture surfaces varied, particularly when

observed at high magnifications of about 1,000 X and higher. Some typical

fractographs are shown in Figures 10-12. "A

ut l
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~b

Figure 7. Fracture appearance of specimens tested at different cross head
rates. A notch surface is seen on the left part of the pictures.

Crack propagation is from left to right, a) Cross head rate 1.6x10
3 mm/sec- b) cross head rate 3.2x10 -4 mm/sec; c) cross head rate
6.35x1O"6 mm/sec. Fracture in (a) and (b) is indicated by the
arrows,
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9

Figure 12. Specimen tested at an extension rate of 3.1xlO"4 mm sec " 1 . Snail
pyramid like areas comprise the fracture surface. his appearance
resembles ductile zig-zag type of fracture as seen in HVEM
environmental tests (51). Snail secondary cracks directed at about •
11 o'clock form striations.

Figure 13. Transgranular fracture in two neighboring grains, "A" and "B".
Pictures a) and b) have been taken from the matching spots gn the
oppoiite fracture surfaces. The extension rate was 3.14O mm
sec . lhe fractographs were printed with reverse contrast to show
the interlocking nature of the fracture surfaces. 0

A
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The transgranular fracture appearance generally seemed to depend more on

the grain orientation than on the strain rate. An example of the fracture

morphology difference in two adjacent grains is given in Figure 13.

Fractographs 10 and 11 differ significantly and relate to two grains in the

same specimen. It also can be seen from Figure 13 that the correspondence of

the features on the opposite fracture surfaces is roughly of the "lock-in"

type (peak to valley match). This was the general observation when the

matching was carried out at magnifications of about 1,000 and below. The

comparison of the fine details on the opposite fracture surfaces was difficult

and no certain conclusions about the type of matching have been drawn in that

case. The main distinct feature of the transgranular fracture commonly seen

at the three lowest extension rates 6.2, 2.55, 1.25x10 "5 mm sec "1 and not

found at the three fastest 1.6x0 -3, 3.1x10-4 and 1.25xi0 "4 mm sec "1 , Is the

so-called "feather-like" pattern shown in Figure 14. The patches and steps

between them which created the pattern on the fracture surface could be

correlated with slip bands on the specimen side surfaces. Observed at higher

magnifications, the patches were not flat and usually exhibited the same kind

of fracture features which could be found outside the "feather-like" areas.

Sometimes, numerous subpatches were seen on the main ones of the "feather-

like" pattern as shown in Figure 15. This occurred when the main patches were

inclined to the fracture surface. Once again, the inclination depended on the

grain orientation. In many cases striations have been observed In the

transgranular portion of specimens tested even at high strain rates as can be

seen in Figure 16. The striations were perpendicular to the crack propagation

direction. Additional examples of the striated fracture are shown in Figures

17 and 18.
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Figure 14. A feather-like pattern on the transgranglar part of the Specimen
tested at an extension rate of 1.25x10- mm/sec.

Figue 1. Eampl ofthefeater-ikepattrn bseved t hghe

magnifcation
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Figure 16. Transgranu ar fract re in the specimen tested at deflection rates
of 3.1x10 mm sec - . Fractographs a) and b) were taken from the

matching areas on the opposite fracture surfaces. Crack propagated
from the left to the right. Notice striations on both fracture
surfaces. A secondary crack is observed in Figure 16b shown with

arrow. Area "A" in Figure 16a seems to be damaged mechanically.



33

JAM

Figure 17. Example of the striated fracture region of the specl mn tested in
H20 with an ultrasonic field at a 1.25x10- mm sec- extension
rate. 'The assumed local direction of crack propagation is marked
with an arrow. Area "A" is the side specimen surface.

Figure 18. Striations as seen in Figure 17 shown at higher magnifications.
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Another characteristic feature often observed on the fracture surfaces is

areas appearing to be covered with a film, as shown in the lower part of

Figure 16a. Surfaces having such an appearance appeared to be damagedI
mechanically. In samples tested at the slowest strain rates, a few of the

areas which exhibited film-like features were observed to be fragmented by

cracks (Figure 19). This so-called "mud crack" pattern has been usually

reported in the literature as occurring on lntergranular fracture surfaces

while the present obervations are on transgranular fracture surfaces. No new

features were found at higher magnification on the intergranular fracture

compared to those seen in Figure 19.

Grain boundary facets were not flat and smooth but always exhibited some

surface relief. Several tests were run with specimens fabricated from 0.25 mm

thick sheet. This has been done to compare its fracture surfaces to those

obtained in 0.5 mm thick sheets. The cracks were of the mixed transgranular- ..

intergranular mode. Many areas with apparent films were observed. The

general impression was that the film was formed on mechanically damaged areas

as could be seen, for example, in Figure 20. The surface in the middle

portion of the fracture exhibited a crack network. The matching area on the

opposite fracture surface was checked and a similar looking area in the middle

portion of the fracture was found. The areas with the apparent films were

found most often and with the greatest clarity on the grain boundaries

although the film was occasionally observed on the transgranular portion of

the fracture (Figure 19). The grain facets were either relatively smooth or

exhibited a relief consisting of cavities and elevations with an inter-

locking type of inatching between opposite faces (Figure 22). The surfaces

of the larger of those features clearly were the ductile fracture V
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Figure 19. Example of the mud crack pattern 2n the tr nsgranular fracture of
the specimen tested at a 1.25x10- mm sec- extension rate.

10

Figure 20. Example of the fracture surface presumably damaged mechanically.
Notice crack network on the damage surface *A". The fracture path
was in the vicinity of the grain boundary.

, , , -1 , , . . . , , " , . - .( . -*.- - .. • . .. .
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Figure 21. Two matching fracture surfaces. View of the mixed transgranular-
intergranular fracture. Grain facets appear as dark areas.

Figure 22. Grain boundary facet on the fracture of the 0.25 mm thick
cantilever beam type specimen. (a) and (b) are two oppostite
matching surfaces. Figure 22b is printed with a reverse contrast.
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areas. They had a bright unfilmed appearance. Another example can be seen in

Figure 23. In this case the system of the grooves and ridges presumably

indicates the shift between the two opposite fracture surface with the

corresponding mechanical damage. In spite of the specimens being tested in

mode 1, we assume that the crack actually propagated by alternative shear at

the crack tip, which could cause sliding between two fracture surfaces. The

system of the unfilmed elevations should, however, form after the sliding

ceased, otherwise it would be smeared out. This apparent contradiction is

eliminated if we assume that adhesion of the opposite sliding surfaces caused

spots of cold welding. These cold welded junctions broke apart on the

subsequent crack opening given the above system of cavities and elevations.

Additional discussion of this point will be given later in section 5.5. An

additional example of the filmed surface fragmented by network of cracks (mud

crack pattern) is given in Figure 24. As can be seen, the crack network

pattern is different for the matching surfaces and therefore formed after the

film formation. The last observation was confirmed by comparing several more

matching areas which exhibited fragmented films.

4.3 Slow Strain rate Tests of the Precharged Specimens in Silicone Oil

Hydrogen charging of type 11 specimens studied in these experiments

was performed by exposure of the tensile specimens to sodium hydroxide

solution with pH 12 in the absence of ultrasonic oscillations. This treatment

resulted in hydrogen concentrations in the range of 1,000-1,500 appm as

determined by vacuum extraction. Specimens were charged in large groups,

typically of eight specimens, to ensure they experienced identical charging

conditions. The charging typically lasted 12-14 hours. During this period
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Figure 23. Grain facet on the fracture surfaces of the 0.25 mm thick

cantilever beam specimen. (a) and (b) are two matching opposite

surfaces. Notice the horizontal and ridges on both surfbces.
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the specimens were thinned from 0.5 mm to about 0.35 mm due to the corrosion

reaction. The removal of the aluminum occurred relatively uniformly over the

gauge length. Whereas details of the corrosion rection are unknown, itI

probably incorporates two basic processes; dissolving of the aluminum

hydroxide and surface repassivation. Hydrogen bubbles forming on the surfaceI

were observed during the charging.

Efforts were undertaken to facilitate uniform surface dissolution to

prevent pitting. Two measures were found to be effective, first, saturation

of the solution with aluminum ions prior to the charging (pieces of aluminum

scrap were immersed into the solution) and second, stirring the solution

during the charging.

4.3.1 Macroscopic deformation behavior

4.3.1.1 Large grain size specimens

This group included specimens preannealed in vacuum at 6000C which

resulted In a large grain size of about 1.5 mm, grains having diameters three

times larger than the original specimen thickness.

In the first group, four type I specimens were precharged and tested at

the 1.25 x 10-5 mm/sec deflection rate in the silicone oil bath. Two were

tested in the as charged conditions and two were tested after annealing in

vacuum for 48 hours at 350*C after the hydrogen charging. The results are4

given in Table 1. As can be seen, hydrogen charging caused a decrease in the

ultimate tensile stress but had no effect on specimen deflection compared to

the uncharged specimens. One possible complication in interpreting the

decrease in UTS may arise from surface pitting which accompanied hydrogen

charging. The group was charged before the optimal conditions of charging
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Table t

Results of the tensile tests oft rechared t I tensile

specimens tested at 1.25 x 10- mm/sec deflection rate

Specimen Deflection at Deflection during Ultimate

condition the necking onset the necking development tensile strength
(m) (mm) (KPa)

uncharged 2.84t.56 1.13t.35 26.902. 71

As charged 2.87t.35 1.17t.71 23.8*1.34

Charged and 1.71 t .52 1.21*.21 20.25t2.47
annealed at
3500C, 48 hrs

were found. In contrast'to the above, annealing at 3500C had a very large

effect both on decreasing the UTS and the uniform deflection. Behavior such

as the above could be rationalized in terms of hydrogen bubble formation

during the 350°C anneal.

On the basis of the above results, a series of type II specimens was

similarly tested. The conditions of these specimens were a) uncharged, with a

grain size at 1.5 mm; b) charged, by exposure to aqueous NaOH solution at pH

12; c) charged with hydrogen and annealed at 1000C, d) charged and annealed in

vacuum at 2000C and e) charged and annealed in vacuum at 3000C. The annealing

time at each of the temperatures was 48 hours. The tensile tests were

performed at a 6.4x10 "7 sec"1 initial strain rate and the specimen surfaces

were coated with silicone oil during the tests. The stress-strain curves could

be grouped into two scatter bands as shown in Figure 25. The deformation

IN,
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curves for uncharged specimens and those charged with hydrogen and then

annealed at 2000C and 3000C lie in the upper band while the data for specimens

in the as charged and charged and annealed at 100°C states lie in the lower

band of data. The scatter bands coincide at low strains and diverge at

strains greater than 2%. Such behavior is consistent with a reduction of the

strain hardening due to hydrogen in as charged and charged and annealed at

1000C specimens. While the observation that the curves for 200 and 300°C

postannealed specimens fall within the scatter band of the uncharged specimens

could be related to loss of hydrogen during the anneals, hydrogen analysis has

shown that only about one third of hydrogen has been lost during the vacuum

annealing at 3000C. Another possibility to rationalize apparent recovery of

the flow stress of the 200 and 3000C postannealed specimens relates to the

reduction of hydrogen in the solid solution by collection of hydrogen in gas

bubbles, for example. We can postulate that annealing at 200 and 3000C causes

formation of stable hydrogen-vacancy complexes. Some preliminary results from

SAXS (small angle X-ray scattering) performed at Oak Ridge National Laboratory

are indeed consistent with the assumption of hydrogen vacancy complexes in

either as charged or charged and annealed material. Further study of the

centers giving rise to SAXS is in progress and these results presumably will

help to understand the relationship between postannealing and the flow stress

of hydrogen charged specimens.

Fracture areas of the specimens were measured using an optical travelling

microscope and the reduction in the cross sectional area at fracture was

calculated. The measured values of the reduction of area and of the uniform

elongation are'given in Table 2 for specimens tested as described above.
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Table 2

Results of the strain rate tensile tests of the specimens preannealed at 600*C

Specimen Reduction of area Uniform Elongation
Condition at fracture ()

Uncharged 88±11 40.9t2.0

As charged 64t11 37.8t1.9

Charged and 82t5 40.3t5.1
annealed at 1000C

Charged and first specimen 57.3, 38.4±0.9
annealed at 200°C second close to 100

Charged and
annealed at 300%C 89*1 30.47.2

As seen from the data of Table 2, the uniform elongation did not exhibit

significant sensitivity to the hydrogen charging or subsequent annealing at

100°C or 200*C. This is in contrast to the macroscopic ductility as measured

by the reduction of area. As charged specimens fractured in a more

macroscopically brittle manner than uncharged specimens. Annealing at 100°C,

200*C or 300°C after charging resulted in an increase of the reduction of area

at fracture to the level observed in the uncharged specimens. These results

are consistent with those for dynamically charged specimens and with

precharged type I specimens. The decrease of the flow stress and macroscopic

ductility (R.A.) caused by hydrogen charging appears to be recovered by low

temperature anneals despite the observations reported above that these anneals

did not result in any significant loss of hydrogen.
.9

Ii
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To ascertain that the softening effect caused by hydrogen is recoverable

not only by annealing but also by fast straining, two pairs of specimens,

charged versus uncharged, preannealed at 600*C were tested at about 10-2 sec 1  I
strain rate. The ultimate tensile strengths were measured and no difference

was found between the two pairs: (40.1 ± 4.6) MPa and (40.6 *1.7) MPa for

uncharged and charged specimens respectively.

4.3.1.2 Specimens with initially small grain size

This group included specimens prepared from the 600*C vacuum annealed

sheets that were initially about 2-3 mm thick and were reduced by rolling at

room temperature to thickness of 0.5 mm and were then stored in silicone oil.

This treatment resulted in a recrystallized structure with a grain size of

about 0.2 mm. Three specimens were charged in the NaOH solution in the same

manner as the large grain size samples. The thickness was reduced to about

0.3 mmn during the charging by etching. The specimens were then tested at a

strain rate of 6.4 x 10-7 sec-1. Very large differences in behavior were

observed between uncharged and charged specimens. The ultimate tensile

strength of the as-charged group was less than one half of that uncharged and

the total elongation to fracture was in the range of (5.5-26.5%) and (4-5.5%)

for the as-charged and uncharged group respectively. It has been observed

that these large differences in tensile properties were caused by grain growth

which occurred during the hydrogen charging. The grain size after hydrogen

charging was non uniform with some grains as large as 1 mm compared to the 0.2

mm grain size of the uncharged specimens. For the specimens preannealed at .

600*C no grain-growth took place during subsequent hydrogen charging. This

phenomena of the grain growth will be discussed separately in section 4.4.
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To exclude the factor of the grain size differences, additional groups of U

specimens have been prepared as follows; a 0.7 mm thick cold rolled sheet was

charged by dissolution in a NaOH solution with pH of 12 with a 0.1 mm loss in "I

thickness and then cold rolled by 50% reduction of area to 0.3 mm thick

sheet. The average grain size at that point was determined to be about

0.2 mm, equal to that for the uncharged cold rolled sheet. Results of the

slow strain rate tensile tests for the three groups are given in Figure 26.

It can be seen that the pronounced softening effect observed in the as charged

specimens was still observed even though the grain size was kept constant by

additional recrystallization at room temperature. (he typical macroscopic

appearance of the tested specimens is given in Figure 27. The uncharged

specimen developed one intense slip band and necking occurred along that slip

band. On the other hand charged and cold rolled specimens showed multiple,

intensely concentrated slip bands as shown in Figure 27. While these appeared

to form perpendicular to the tensile axis, at higher magnifications they were

actually comprised of segments of slip bands inclined to the tensile axis. In

both these specimens necking developed in a narrow region at these intense

slip bands and no reduction in width could be observed. In contrast, as

charged specimens exhibited more general necking with appreciable reductions

in width. These results clearly demonstrate that hydrogen charging modified

plastic deformation and the effect was large enough to be observed on the

macroscopic scale. The total elongatios to fracture were (4.9*0.6)%, (5.0,1.71)

and (14.1±10.9)% for uncharged, charged and cold rolled, and as charged groups

respectively. To check whether the softening effect can be recovered during fastI)
straining, pairs of specimens, uncharged versus charged and cold rolled, were

tested at about 10- sec" ! and their ultimate tensile strength
§-..o
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A B C ';-:

Figure 27. Specimens tested at a slow strain rate of 2.64x10 7 sec "1 . All of
the specimens had a small initial grain size of 0.2 mm.
(A) uncharged, (B) charged and cold-rolled, (C) as charged
specimen. The grain sizes prior to the tensile tests were in (A)
and (B) about 0.2 mm and in (C) non uniform with largest grains up
to 1 mm. The large extent of necking in the as charged specimen
included a significant decrease in the specimen width. In the
hydrogen charged and cold rolled specimens intense slip bands which
appeared tranverse to the tensile axis were actually comprised of
intense slip band sections inclined to the tensile axis.
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';. o\ " '4 ¢ .& :, ,' -'<,.. .. .. ,..°-,'., ; ; ,.;.- ,-', ' \-;,'..-. ' ,' , . . ""' -'--,' L' .'" " . . . " " " " " "- """" " "".'



51

measured. The following values were obtained: 97.9t18.2 KPa and 77.1t

14.7 MPa for uncharged and charged and cold rolled specimens. Thus, the

softening effect persisted even at very high strain rates. For more complete

characterization of the tensile properties at relatively fast strain rates,

stress strain curves were measured at a strain rate of 6.4x10 4 sec "1 for each

of the groups of specimens described above with the results shown in Figure

28. The total elongation to fracture was (9.3t1.4)%, (7.6t2.4)% and

(10.13.0)% for uncharged, charged and cold rolled and as charged specimen

groups respectively. As can be seen by comparison of Figures 26 and 28, the

increase in strain rate was accompanied by an increase in the flow stresses
for all three groups; but the relative positions of their flow stresses

remained unaltered. As was the case for the specimens which were preannealed

at 6000C, it appears that hydrogen charging reduced the strain hardening of

the aluminum. This is shown by the observation that the difference in the

flow stresses between uncharged and charged and cold rolled specimen groups

occurs only at strain beyond the yield point, Figures 26 and 28.

4.3.2 Characterization of the plastic deformation as revealed by the

surface relief

4.3.2.1 Large grain size specimens

Traces of the slip lines on the side surface of the tensile specimens

were observed in the SEM. Roth necked and uniformly strained sections of the

specimens were analyzed. While there were some differences in the slip line

appearance on each specimen surface, the micrographs shown In Figures 29-32

represent characteristic patterns. While many surface defects resulting from

the cold rolling could be seen on the surface of the uncharged specimen, the

specimens were not electropolished as it was observed that electropolishing
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Figure 29. A side surface of the uncharged specimen close to the fracture
surface.

Figue 3. A idesurace f te a chagedspeimencloe t thefratur
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!9,

Figure 31. A side surface of the uncharged specimen in the uniformly deformed
area. The slip line density is this picture is about 1.4 lines per
millimeter.

:-S

Figure 32. A uniform part of the as charged specimen. The slip line density
in this picture is about 1 line per millimeter.



55

caused significant hydrogen absorption.

Significant differences between the slip line patterns of uncharged and

charged hydrogen specimens are clearly shown. Slip lines in the hydr,-gen

charged specimens (Figures 30 and 32) are coarser, longer, more intense and

their density on the surface is smaller than in uncharged specimens. While a

complete analysis of the slip line spacing was not performed, it can be seen

from comparison of Figures 31 and 32 that the slip line spacing in hydrogen

charged specimens is about 30% larger than in the uncharged condition. The

appearance of the slip lines observed on specimens in the hydrogen charged and

any of the annealed conditions was similar to those of specimens in the as

charged conditions. Figures 33 and 34 give an example of the slip line

pattern in the charged and 300*C annealed condition.

To compare slip patterns between hydrogen charged and uncharged specimens

in conditions where almost all the plastic deformation relates to a propagating ~

crack, two double cantilever specimens 0.25 mm' thick were used. Both specimens

were preannealed at 600*C and one of them was then hydrogen precharged. After

crack propagation the appearance of the slip bands near the fracture surface are

shown in Figures 35-38. The difference in the slip pattern between uncharged

and hydrogen charged specimens can be summnarized as follows. (a) The general

amount of plastic deformation which accompanied crack propagation appeared to be

greater in the uncharged specimens as can be judged from the slip bands

distributed in large areas around the crack path. (b) The waviness of the slip

pattern is much more pronounced in the as charged specimen. This could be seen

at low magnifications as coarse, bundled appearing slip lines, Figure 37, and at

higher magnification as more uniformly distributed wavy slip lines, Figure 38.

The increase in the slip lines' waviness appeared in the hydrogen charged

tensile specimens, as well as in the vicinity of the crack surfaces.

74
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Figure 33. A side surface of the charged and 300 0C annealed specimen.

IM-

Figure 34. As in Figure 33, but in more detail.Il
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Figure 35. A side surface of the uncharged sheet in the vicinity of the crack
tip. Notice intense plastic deformation spread far from the crack
path.

60

Figure 36. More detail in the region adjacent to the crack surface.

0i
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Figure 37. Slip band patterns on the side face of a hydrogen charged specimen
near the fracture surface.

.

Figure 38. As in Figure 37, but at higher magnification. Notice coarse wavy

slip lines approximately perpendicular to the crack direction.

. 0 -1 
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In the case of the double cantilever beam specimens, the increase in the

slip band waviness in hydrogen charged specimens compared to uncharged

specimens could be clearly seen. The extent of the slip band waviness related

to the ease of cross slip and, therefore, suggests that hydrogen promotes

cross slip. This conclusion is consistent with the softening observed in

hydrogen precharged tensile specimens as the greater the extent of cross slip,

the lower is the strain hardening. Another softening mechanism will be

discussed later in section 5.4.

An additional example of the intense bundled like slip line pattern in

hydrogen charged specimens is given in Fig. 39. In this case the pattern was

observed at the tip of a secondary non-propagating crack in a Type I unnotched

hydrogen precharged specimen.

4.3.2.2 Specimens with an initially small grain size

The surface relief on samples which were recrystallized at room

temperature was much shallower compared to that observed on large grainede

specimens which were preannealed at 600*C. The major reason for this

observation is probably that a much smaller deformation to failure is observed

in the small grain specimens. Basic differences between uncharged and either

as hydrogen charged or hydrogen charged and cold rolled specimens were the

extent of localization of the plastic deformation. Surface relief resulting

from plastic deformation was difficult to resolve in the uncharged specimen

group, suggesting a uniform slip distribution. The slip pattern was clearer

on the surface of the uncharged specimens tested at higher strain rates, e.g.

6. i 4 se 1 copre o . xi~ sec-1. An example of the deformation

surface relief for the uncharged specimen is given in Figures 40 and 41 at a
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0 .

Figure 39. Coarse slip pattern at a crack tip marked with n arrow in a Type I
specimen tested in laboratory air at 2.55 x 10"t mm/sec. The
specimen has been precharged in NaOH solution. The original
thickness of 0.5 mm was reduced to 0.4 mm during the precharging.

.4 .... ....
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Figure 40. Uncharged specimen tested at 6.4 x 10-4 sec- 1. Appearance of the
slip bands on the uniform part of the gauge length.

4km

Figure 41. Same specimen as in Figure 40. The distance from the fracture is
0.4 mm and the specimen is in the necked region. The slip bands
are more pronounced compared to those in the region of uniform
strain.



62

strain rate of 6.4x10-4 sec-1. As already discussed, intense slip band

formation was observed in the as hydrogen charged and cold rolled specimens as

shown in Figure 42. This type of highly concentrated bands was seen at the

higher strain rates as well but these specimens also exhibited more diffuse

bands (Figure 43). The distribution of deformation on the uniform part of the

as charged specimen was highly non uniform as shown in Figure 44, and no long

slip bands were found at strain rates of 6.44107 sec-1.. The large amount of

local deformation seen in Figure 44 appears to delineate a large grain grown

during the charging period. At higher strain rates, .x0 sec-1, slip

bands appeared on the as charged specimens as shown in Figure 45. In the slip

region shown in Figure 45 it is possible to trace between wavy, braid like

coarse slip bands and patches of parallel finer slip lines which extend

through several grains.

Since hydrogen affects both fracture and the plastic deformation, the

question arises about the relation between the fracture path and the slip

bands. Observations made on several cracks suggest that cracks propagated

along the edges of intense slip bands in hydrogen charged specimens as shown

in Figures 46 and 47. This conclusion is supported by the micrograph, Figure

39, where the crack is located on one side of the coarse slip band. Such

preferential crack paths could be rationalized in terms of stress

concentration at the border between the concentrated slip band and the

adjacent less deformed region. Another possible factor is the lattice

rotation which occurs within slip bands and which gives rise to stresses at

the border between the rotated and unrotated lattice. The stresses in such

regions can assist crack propagation.
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Figure 42. A slip band region in a hydrogen charged and cold rolled specimen
tested at 6.4 x 10- sec" . The tensile axis is vertical.

Figure 43. A slip band region n a hydrogen charged and cold rolled specimen
tested at 6.4 x 10 sec " he tensile axis is vertical.
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I

Figure 44. Uniform part of the as charged specimen tested at 6.4 x i0-7 sec - .
Notice strong local deformation which probably developed in a large
grain. Tensile axis marked with an arrow.

I.,

i.,V

Figure 45. Slip band on tye uniform part of the as charged specimen tested at

6.4 x 10" sec - . Notice the coarse slip line alternating with
patches of finer parallel slip lines lying about 450 to the tensile
axis. Tensile axis is marked with an arrow.

p' C ''',2 ',' t'• """-" ","-w; _ w , . "•"-"•" '•. . . . . ... " '
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Figure 46. As charged specimen tested at 6.4 x 10-7 sec-1. Notice that the
crack propagates in the border region between slip band and the
more uniformly deformed region.

4

-"

Figure 47. Another example of the crack propagating along the edge of an
intense sl~ip bajd in an as charged specimen tested at
6.4 x 10- sec-

U- - - - - - - -
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4.3.3 Fracture appearance

4.3.3.1 Pre-charged large grain size specimens

Reductions in cross sectional areas at fracture were measured at low

magnifications and are given in Table 2 of section 4.3.1.1. These are in

qualitative agreement with the SEM observations.

A majority of the fracture surfaces, including those for uncharged

specimens, appeared to be covered with a film, probably resulting from

mechanical damage. Some typical examples are given in Figures 48-50. All of

the fractures were ductile in nature. The surface film could not be removed by '

prolonged cleaning in the ultrasonic cleaning bath. The film had a very

different secondary electron yield in the SEN than that which characterizes the

metal adjacent to the fracture. As will be discussed later in Section 5.4, it

appears that this film results from mechanical damage similar to that of

fretting corrosion. In one case, black colored product in silicone oil that

coated a side surface was observed coming out of the crack tip. It is known

that product of fretting wear in aluminum alloys is a black powder, mainly

containing aluminum oxide. If so, the film should be composed of aluminum and

aluminum oxide as is consistent with the lower secondary electron yield

observed. No damage or films on the fracture surfaces were found in the small

grain size specimens. This observation will be discussed further in Section 5.

4.3.3.2 Specimens with small grain size Vi

A greater reduction of area at fracture was observed for small grain size

specimens as compared to those of large grain size specimens. Uncharged

specimens fractured with a chisel point fracture or one very close to a chisel

point (Figure 51). Charged and cold rolled specimens fractured in a
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Figure 48. Fracture "A" and a side surface "B" of the uncharged specimen
preannealed at 600*C. The fracture surface looks damaged and
covered by a film.

Figure 49. Fracture surface of a specimen preannealed at 600C and charged 0
with hydrogen. The fracture surface is of the shear type and
exhibits small dimples.

.4

Figure 50. Fracture surface of a specimen preannealed at 600*C, charged with
hydrogen and postannealed at 200°C. A surface film "A" covered the 0
surface. This film remained unchanged after ultrasonic cleaning in
hot acetone in ten minutes.
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Figure 51. Small grain size, uncharged specimen tested at 6.4 x 10-7 sec "1 .

1he fracture marked with arrows was a chisel point type of
fracture.

S

Figure 52. Charged agd 50% cold rolled specimens tested at a strain rate of 0
6.4 x 10" sec- . The specimen is tilted to allow the fracture "A"

and side surface "B" to be seen.

Figure 53. Fracture surface of Figure 52 shown at higher magnification. lhis

fractograph resembles that seen in dynamically charged specimen;
compare to Figure 12.
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transgranular ductile manner (Figures 52 and 53). Fracture of the as charged

specimens was preceded by a large amount of localized strain, i.e. necking.

However, once the fracture was initiated It was accompanied by a very limited

amount of macroscopic deformation as can be judged from the large proportion

of intergranular fracture (Figures 54 and 55). Grains observed on the

fracture surface are small, smaller than those originally present. These

grains probably resulted from recrystallization during the tensile test. All

the specimens tested at 6.4 x 10-4 sec-1 exhibited a chisel point type of

fracture.

4.4 Grain growth during hydrogen charging

During examination of the slip markings produced by tensile deformation

of specimens which were recrystallized at room temperature and charged with

hydrogen, unusually large grains were observed. Many grains had diameters of

about 1 mm whereas the as-recrystallized grain size was 0.2 mm as revealed hy

anodization in 2% fluoboric (HRF4 ) acid. The process of revealing the grains

was technically not easy. The best results were obtained in the largest

sheets with the distance between anode and cathode about 10 mm, applied ' .

voltage of about 40 V and an anodization time of about 3 min. We found that

saturation of the anodizing solution with aluminum ions (aluminum scrap was

put in solution) improves the results. Under polarized light, grains appeared S.

colored differently and on black and white photographs they appear as dark and

light areas. Examples of the grain structure as revealed by the anodization

and observed under polarized light are given in Figures 56-58. Some of the

grain contrast remained almost unrevealed in these black and white pictures.

Extended dark areas, especially in Figure 57 contained other grains when

observed under polarized light.
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IMF.

Figure 54. As charged specimen tested at a strain rate of 6.4 x 10-7 -e1

A mixed transgranular and intergranular fracture is observed. The
reduction in thickness at the fracture surface is greater than 70%.

OL

Figure 55. The fracture surface of Figure 54 at a higher magnification.
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Figure 56. Grain structure
of the cold rolled uncharged

Asheet.

Figure 57. Grain structure
of the cold rolled and
charged sheet. The surface
topography formed in the
charging process is seen as
irregular fine structure.

X

Figure 58. Grain structure
of the charged and then cold
rolled sheet with a 50%
reduction of thickness.
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On many occasions very large grain like structures have been revealed

after the anodizing treatment (Figure 59). These structures, however, did not

correlate with the surface slip line structure produced by tensile deformation

and were assumed to be persistent impurity related cell structures formed in

the solidification process (13).

No grain growth was observed in specimens which were preannealed at 600*C

and then charged with hydrogen. These specimens had an initial grain size of

1.5 mm which was 3 times the sheet thickness and hence the annealed grain

structure was quite stable. No large grains were observed when hydrogen

charging was followed by cold rolling with a 50% thickness reduction and

recrystallization occurred at room temperature. This grain structure appeared

fully recrystallized, Figure 58, with a-grain size about equal to that

produced on recrystallization at room temperature in the absence of solute

hydrogen. Thus the effect of hydrogen on the recrystallized grain size

appears to be significant only during the introduction of hydrogen into the

recrystallized structure, Figure 57. The grain growth during hydrogen

charging cannot be attributed to the temperature rise due to corrosion k .

reaction in the pH 12 NaOH solution. The reaction was not violent and the

solution always remained at room temperature. To confirm that no heating of

the samples occurred, one sheet was left in the solution with a portion

extending above the solution level. No temperature rise could be detected in

the extended part of the aluminum specimen.

Grain boundaries act as sinks for supersaturated vacancies and vacancy

absorption at the grain boundaries has been shown to cause grain boundary

motion (56). The above observations of grain growth during hydrogen charging

of specimens recrystallized at room temperature can be rationalized on the

basis of a high vacancy supersaturation formed by vacancy injection from the
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Figure 59. Example of the large "grain like" structure that is not related to
the actual grain size. Each of the three blocks seen in the
picture was more than 5 mm in diameter.
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surface during the corrosion process which introduces hydrogen into the

specimen. In the specimens which were recrystallized at room temperature and

then hydrogen charged, absorption of vacancies at the grain boundaries could

be expected to cause exaggerated grain growth as observed. Exaggerated grain

growth is not expected, nor observed in specimens which had been

recrystallized at 6000C as these had large diameter grains and a very stable

grain structure (grain sizes equal to about 3 x the sheet thickness).

4.5 Measurement of Linear Dimensional Change During the Hydrogen Charging

In view of the large hydrogen concentrations in the charged specimens, it

was important to ascertain the manner by which hydrogen is accommodated in the

aluminum lattice. Hydrogen atoms in interstitial positions are expected to

cause an expansion of the surrounding lattice (57). This lattice expansion

can, in principle, be revealed by measuring shifts in the position of x-ray

diffraction peaks. In the present experiments, lattice parameter changes were

studied in hydrogen p'recharged specimens and during the charging process using

in-situ charging methods. No changes in the x-ray peak positions have been

observed. Since no data concerning the volume change due to dissolved

hydrogen are available for aluminum, we estimated the necessary precision

required for the x-ray peak position measurement using pertinent data for

other metals. It has been found for many other metals that the volume

expansion per hydrogen atom is 2.8 A3 (57). The average volume per aluminum

atom is 16.64 A3 which results in a relative lattice expansion per hydrogen

atom of 0.175. Since the linear expansion is one third of the relative volume I
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expansion a hydrogen concentration of about 10-3 results in ha/a 5.8 x 10-5.

From the relation, 88 = 8 tan 8, where 6 is the Bragg diffaction angle and d

is the diffracting atomic plane spacing, detection of d/d = 5.8 x 10- 5

requires an angular precision for the (111) reflection of 60 = 10- 4 radians.

This required precision is greater than that readily available with the

available apparatus.

As a result the linear dimension change was measured directly, using a

travelling optical microscope with a measuring resolution of 0.01 mm. The

required 10- 4 precision is thus obtained for a measuring length of 100 m,.

Several 0.1, 0.15, 0.20 and 0.25 mm thick strips were prepared In the form

shown schematically in Figure 60. The strips were placed between perforated

parallel plexiglass plates which served to keep the aluminum specimens flat.

The two inner strip corners served as fiducial marks and were kept above the

charging solution which was an aqueous NaOH solution at a pH of 12. The area

of the inner corners was painted with a lacquer to prevent corrosion. The

aluminum specimens were preannealed in vacuum at 6000C. Room temperatures

during the test were measured to be constant within ± 2*C. Using the

coefficient of linear expansion of aluminum, 2.36 x 10"5/OC, the AL/L due to

room temperature fluctuation is - 4 x I0 5, too small to be measured with the

technique used.

In contrast to the expansion expected to accompany hydrogen entry, a

contraction was observed in all the specimens. The length change ceased after

several hours, whereas specimen thinning due to aluminum solution was

continuous. The greater the specimen thickness, the greater was the time to

reach the saturation in the length change. The average contraction which

4hi
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Figure 60. Schematic of the strip 
used for length change measurements.
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resulted from hydrogen charging was Al/l = 3 x 10-4 and was independent of the

specimen thickness.

Both the contraction and its saturation during hydrogen charging can be

rationalized based on a model in which hydrogen atoms are generated by

reaction of aluminum with the H20 at the surface in the absence of an oxide

film while simultaneous formation of vacancies occurs. At the surface of the

specimen the vacancy formation can occur without interstitial formation as the

atom can be added to the lateral surface where it does not contribute to the ',

length change. The hydrogen interstitials can be expected to form complexes

with the vacancies (15) and are expected to diffuse in from the surface

coupled with a vacancy (10).

Vacancies can also be formed by the oxide growth process as discussed in

Section 5. In this case vacancies are trapped by single hydrogen ions that

diffuse from the external surface through the oxide.

The volume change due to the vacancy formation in the above process is :Z :
given by:

AV'

-C8-V.- v v

where AVIV is the fractional volume change

Cv is vacancy concentration

8V  Is the volume change due to material relaxation around the

vacancy.

Since both hydrogen and vacancies are introduced, the volume change is

given by:

a,'
'a.
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-V- H H - Cv V

and the length change by:

aL 4 (CH6H CVSV) (A)

where CH is the hydrogen concentration and 6H is the volume change due to

relaxation around the H interstitial. Aluminum specimens yielded values for

CH - 1,200-1,400 appm. Using the value of 6H = 0.175 and 6V - 0.49 (73,74),

the measured value of aL/L = -3 x 10- 4 yields (from Eqn. A) CV - 2.3 x 10- 3

and CV/CH - 1.8.

The above should be regarded as order of magnitude estimates as values of

the lattice relaxation around the hydrogen interstitial in aluminum and

details of the hydrogen-vacancy configurations are not known. Furthermore the

model did not account for precipitation of hydrogen atoms and vacancies into

large clusters as has been suggested by the preliminary SAXS results.

Formation of vacancy clusters from isolated vacancies is expected to result in

a decrease in the volume if Frank loops are formed. In view of these

uncertainties, additional measurements, performed at higher precision and at

various temperatures are required and in progress.

One other process that can cause material contraction during hydrogen

charging in alkaline solution is surface oxide dissolution. Aluminum oxide

possesses a smaller density than metallic aluminum and therefore the surface

oxide is elastically stressed in compression and the aluminum lattice beneath

the oxide is elastically stressed in tension. Dissolution of the oxide would

bring about elastic relaxation and resulting contraction. However, this

S4
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contraction is expected to be much smaller than that measured in these

experiments. The oxide is of the order of 5-10 nanometers in thickness and

hence can support stresses in the aluminum only near oxide surface. Hence,

the length changes observed should be sensitive to the specimen thickness,

which was not observed. Furthermore, changes in length due to oxide

dissolution should be essentially instantaneous whereas the observed AL/L

changes were observed to occur as a function of time. Based on these

preliminary measurements, the formation of hydrogen-vacancy complexes appears

to be the most consistent explanation of the observed contraction during the

charging process.

V.
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5. DISCUSSION

5.1 Source of Hydrogen

In all our experiments hydrogen was introduced into the metal from

aqueous solutions. In the following discussion we address the mechanism of

hydrogen entry into aluminum. The equilibrium equation for hydrogen

solubility extrapolated from high temperature measurements (1) is:

log S= -- + 0.788 + 1 fH(1)

cm

where S = solubility in cm-3 and

fH2 = hydrogen fugacity in atm.

After substitution of a typical value of 53.54 Too g (1,300 appm) for S.

Equation I indicates a fugacity of 1015.84 atm is necessary to charge 1,300

appm of hydrogen into aluminum at room temperature. As the aqueous solution

is the source of hydrogen, the hydrogen gas pressure in equilibrium with

aqueous solution for any particular corrosion potential should be calculated.

Hydrogen evolution reaction from solution and its electrochemical reversible

potential may be expressed as:

H2 = 2H
+ + 2e- (2a)

Eo - -0.0591 pH - 0.0295 log fH2  (2b)

where pH is the pH of the solution. When no corrosion takes place, the

equilibrium hydrogen fugacity above the solution is very small. This
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implies that imm~ersion of aluminum in an aqueous solution will result in

little hydrogen charging in the absence of an applied cathodic potential if no

corrosion takes place.

The possible corrosion reactions of aluminum can be considered using

reference (55) for all necessary data. According to the Pourbaix diagram for

aluminum, the stable product in the alkaline solution is the A10_ ion. The

possible corrosion reactions leading to this product are:

A1203 + H120 =2AI02 + 2H+ (3)

A+++ 2H20 =A102 + 4HI+ (4)

Al + 2H120 =A102 + 4H+ + 3e- (5)

Reactions (3) and (4) do not produce electrons as necessary for hydrogen ion

discharge and therefore cannot account for hydrogen charging. Reaction (5)

results in a cathodic potential and hence can result in hydrogen entry into

aluminum. This reaction implies a bare aluminum surface corroding in an

alkaline solution. While the existence of a bare aluminum surface at the

bottom of a surface pit was postulated (75), the presence of oxide (or

hydroxide) was expected and found experimentally on "flat" corroding aluminum

surfaces (76,77). The surface layer which resulted from different corrosion

conditions (cathodic polarization in low pH chloride solution, exposure to

distilled water at 373 K and prolonged etching in a 1.5 mol. 1-1 sodium

hydroxide solution at 293 K) was of duplex nature. The outmost layer, loosely

connected to the surface, was assumed to grow by dissolution and precipitation

from the aqueous solution. The inner layer, adherently connected to the

aluminum substrate, was assumed to form by a solid-state reaction (76,77).
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The solid-state reaction presumes that Al +, (OH)- and H+ ions diffuse

through an oxide film prior to a chemical reaction.

Under the above conditions, the corrosion dissolution of aluminum can be

considered as a process Involving oxide (or hydroxide) formation and its

subsequent dissolution, with the latter step, described by reaction (3),

bringing about a thermodynamically stable product AlO. It appears that the

former step, which results in a thermodynamically unstable product, is

responsible for the hydrogen charging according to the following reaction: V

Al + 3H20 = AI(OH)3 + 3H+ + 3e- (6a)

with a reversible potential

E= -1.471 - 0.0591 pH (6b)

The reversible potential of reaction (6a) in our charging solution of sodium

hydroxide with pH 12 is -2.18 V, as derived from Eq. (6b). Such a reversible

potential would provide very high equilibrium hydrogen fugacity, fH2 . 1049.86

atm, as Calculated from Eq. (2b). However, the actual cathodic potential of

the corrosion reaction is defined by the hydrogen evolution process;

2H+ + 2e- = H2.

According to Equation (2b) at fH2 a 1 atm (atmospheric pressure), the

reversible hydrogen potential for the hydrogen evolution reaction is about

-0.71 v. If this reaction has occurred at the reversible potential, it would I

*~,** ~~ . .'. ... ~ **... . . . 1
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result In an equilibrium hydrogen fugacity of 1 atm and practically no

hydrogen charging would take place. The reaction of hydrogen evolution at a

metallic surface occurs at a potential lower than the reversible cathodic a
potential; the deviation of the actual potential of the hydrogen evolution

reaction from the reversible potential is called hydrogen overpotential. --

Aluminum belongs to a group of metals with a large overpotential (55) . The

hydrogen over-potential varies with the rate of the corrosion reaction; the

faster the reaction, the larger the hydrogen overpotential is. As was

estimated from Equation (1), we need to attain a hydrogen fugacity of 1015.84

atm necessary to charge 1,300 appm of hydrogen in aluminum, equivalent to a

hydrogen potential of -1.18 v as calculated from Equation (2b). This implies

about -0.47 v of overpotential (-1.18 v-(-.71)v = -0.47v). From the diagram

connecting the hydrogen overpotential to the corrosion rate (p. 116 in Ref.

(55)) we deduced that a -0.47 v overpotential can be expected for the fast

corrosion reaction of aluminum as expected for the charging conditions used

(an active alkaline solution stirred mechanically). The above calculation of

the necessary overpotential should not be overemphasized because we

extrapolated Eq. (1) obtained in a high temperature range to the room

temperature; a procedure that almost inevitably causes a significant error.

In the case of charging in pure water (pH = 7) with application of weak

ultrasonic oscillations, the driving force for hydrogen entry is still a

corrosion reaction. The role of the ultrasonic field is to provide disruption ,*,

of the passive oxide film and to allow corrosion to proceed. The disruption

of the protective oxide is provided by cavitation erosion; that normally used

for surface cleaning and for which the ultrasonic bath was designed. When

ultrasonic fields were applied in either the alkaline or acidic pH range, no

.~-
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increase of the hydrogen concentration in the charged aluminum was observed

due to the ultrasonic oscillations. The hydrogen content of specimens charged

using the aqueous NaOH or acidic technique without an applied ultrasonic field

was always higher than that obtained when an ultrasonic field was used for

otherwise the same charging conditions.

It may be expected that cathodic polarization should provide a driving

force for hydrogen charging and hence no corrosion process should be necessary

to attain high hydrogen concentrations in solid solution.

It was reported, however, that a hydrogen pre-embrittlement effect in a

7075 aluminum alloy was observed after cathodic precharging only in those

cases which were accompanied by surface corrosion and pre-embrittlement was

not found if no surface dissolution took place (60). One possible explanation

of this finding is based on a possible reduction in the enthalpy for solution

of hydrogen in aluminum when vacancies are produced in corrosion reaction.

This effect will be considered in Section 5.2.

A few comparative experiments were made in which charging in HF and HCl

solutions were :omuared to charging in sodium hydroxide solutions. Corrosion

of 0.5 mm thick aluminum in an aqueous NaOH solution at pH = 12 for about 12 '

hours resulted in a hydrogen concentration of 1,000-1,500 appm. Charging

under similar conditions iA a solution of HF or HCl at a pH - 1.5 resulted in

a hydrogen concentration of 200-300 appm. However, the aluminum used in these

experiments was stored over a long period of time in laboratory air (since

1961) and were not vacuum annealed prior to tests. As was found later, about

200 appm of hydrogen was present in the stored material, probably due to

corrosion reaction with humid air. In view of this finding, actual hydrogen

charging from acid solutions could be much smaller than that determined from

.-C,
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hydrogen analysis. Reasons for such a different hydrogen charging ability of

acid and alkaline solutions are unknown.

5.2 The State of Hydrogen in Aluminum

As was mentioned earlier in Section 2, there is direct experimental

evidence of a hydrogen bound to a vacancy in the aluminum lattice (17).

However, the exact value of the bonding enthalpy between a hydrogen atom and a

lattice vacancy is unknown and different values of HB(H-Vac) in the range of

(0.5-1.0) eV were suggested from theoretical calculations and interpretations

of experimental results (10,15,16,78). The most recent result is HB(H-Vac)

0.5 eV (78). If the hydrogen-vacancy binding enthalpy is higher than the

vacancy formation enthalpy, Hf(Vac) - 0.66 eV (79), a vacancy is produced next

to a hydrogen atom when it is situated at a vacancy source. In this case

hydrogen atoms would induce vacancy production at bare aluminum surfaces

during hydrogen charging as shown schematically in Figure 57a. If HB(H-Vac) <

0.66 eV, hydrogen atoms would trap vacancies produced by any other process

such as plastic deformation, radiation damage, etc. A process of vacancy

production and their trapping by hydrogen atoms during sure"ace corrosion is

schematically shown in Figure 57b. In this case a vacancy is left behind an

aluminum atom diffusing oautward through a surface oxide film. A vacancy

trapped by a hydrogen atcm may disappear when the hydrogen-vacancy pair

diffuses and arrives at a vacancy sink such as a dislocation, a grain boundary
oa disk of collapsed vacancies. The remaining "equilibrium" cnetainl

of vacancies trapped with hydrogen will be many orders of magnitude higher

than the equilibrium concentration of vacancies in a crystal free of atomic

hydrogen.
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Fig. 57. Schematic of hydrogen atom-lattice vacancy pair formation at
a n aluminum surface.
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Assuming that the equilibrium concentration of free vacancies is small,

as appropriate for low temperature, the vacancy supersaturation due to

hydrogen atoms in the solid solution at concentration CH can be estimated as
HB(H-Vac)

8 CH exp kT . The factor of 8 stems from the assumption that a single

interstitial hydrogen atom resides in an octahedral position and is surrounded

by 8 nearest neighbors where vacancies can reside. Adapting HB(H-Vac)

0.5 eV, the vacancy supersaturation is 2 x 103 per 1 appm of hydrogen in the

solid solution at room temperature.

Two observations made in the present study bring additional indirect

evidence for hydrogen-vacancy interactions. These observations are the linear

shrinkage of aluminum during hydrogen charging and a finding of vacancy

clusters in SAXS experiments in the interior of hydrogen charged aluminum. A

high concentration of vacancies at the surface layer is produced during the

corrosion reaction which introduces hydrogen into the aluminum. If the

vacancies were free they would collapse into disks or voids (see Section 2)

very close to the surface and no bulk effects would be observed. The linear

shrinkage observed during hydrogen charging was not caused by a surface

phenomenon as shown in section 4.5. Vacancies bound to hydrogen atoms are

expected to be stabilized and diffuse to the interior of the charged aluminum

where they can cause the decrease of AL/L as previously discussed.

Observation of grain growth during the corrosion reaction, as described

in Section 4.4, provides additional indirect evidence for vacancy production

during hydrogen charging. The relation of this phenomenon to the hydrogen

vacancy Interaction is not clear since the excess vacancies produced have a

poorly established or understood effect on grain growth.

-* ~'" -. " ~ . .
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The kinetics of hydrogen-vacancy diffusion in the charged specimen can be

estimated using the relationship

2
(x~ =2 Otj

where x is the sheet thickness

D is the hydrogen diffuson coefficient andp

t is the charging time.

A hydrogen diffusivity of about 10-11 cm2/sec can be estimated by

extrapolation of diffusivities measured using permeation methods at elevated

temperatures (10). This value results in a penetration distance of about

8 micrometers in 10 hrs; a value that is inconsistent with the observation

that this charging time was sufficient to saturate 0.5 mmthick sheet

specimens with hydrogen. Two diffusion coefficients, 2x10-7cm2/sec and 2.2 x

10_10CM2/sec, have been reported from room temperature permeation studies

(10,62). The latter value recently reported is not consistent with the

hydrogen charging time required to saturate 0.5 - thick sheet as observed in

I

the present work. The former diffusion coefficient implies that 0.5 -w thick

sheet would be charged in 26 min While the saturation time for hydrogen

N

charging of 0.5 mmn thick sheet was not established, the lower diffusivity

measured at 300 K would require a charging time of 394 hours for saturation;

considerably longer than experimentally observed. A diffusion coefficient in

the ~ ~ ~ -rag-f 19 8) cm2/sec would be consistent with our experimental .

the rag f 1 1

observations.

Hydrogen in solid solution at the concentration introduced in the present

experiments is in a thermodynamically unstable state and should eventually

2 I
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precipitate into gaseous bubbles. Vacancies clusters on (111) planes, which

were found in SAXS experiments could be either a metastable phase containing

atomic hydrogen or disk shaped hydrogen bubbles. The former possibility seems

to be more likely since hydrogen bubbles are expected to precipitate first at

the specimen surface and would provide perfect sinks for migrating hydrogen

atoms, resulting in a low bulk hydrogen concentration and bubbles lying close

to the surface. This was not the case since surface removal by mechanical

polishing to the depth of more than 0.1 mm did not cause reduction in

scattering intensity in SAXS experiments.

Regardless of the nature of hydrogen-vacancy precipitates, the solid

solution concentration of hydrogen should be significantly smaller than the

total hydrogen concentration. If the kinetics of hydrogen precipitation is

fast enough to allow hydrogen clusters to occur during hydrogen charging one

consequence is that the thermodynamical driving force to introduce 1,300 appm

of hydrogen is much smaller than that estimated in Section 5.1.

In the following discussion, nucleation of hydrogen bubbles is considered

using classical nucleation theory. According to this approach (61), the

critical nucleation size (smallest number of vacancies to form a stable

nuclei),n* is as follows:

n* - (32 wn2o3)/3[kT ln Cv /Ce + pni3  (7)

where 0 - surface energy, 16.6 x 10 30 m3

a - surface energy, 1.22 J/m

Cv a vacancy concentration

Ce - equilibrium vacancy concentration

p a hydrogen gas pressure in the bubble

-- --
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To calculate C. we assume that all hydrogen is in the solid solution and each

hydrogen brings one vacancy i.e. C. CH. To calculate Ce we choose an

equilibrium hydrogen fugacity (fH2 )1  0.5 x 10-6 atm (81) equal to the

atmosphere hydrogen fugacity. The equilibrium solute hydrogen concentration

(CH)l - 5.06 x 10-10 cm3/100 g Al is calculated from equation (1) in Section

5.1. The vacancy equilibrum concentration is calculated as Ce - 8 (CH)e-
Hf(Vac) - HB(H-Vac)

Hf(Vack where Hf(Vac) - 0.66 eV and HB(H-Vac) - 0.5 eV. This
Cv 

1

gives r- - 6.45 x 1012 at room temperature. The ideal gas law may be used to
e kT

calculate the gas pressure in the bubble, p, leading to p = . The factor of 2

in the denominator reflects the assumption that the void is formed by vacancy-

hydrogen pair condensation and one hydrogen molecule corresponds to two

vacancies. The critical nuclei size, n*, calculated from equation (7) is about 9

vacancies. This result means that homogeneous bubble nucleation in the absence

of a positive binding enthalpy between vacancy-hydrogen pairs is unlikely at room

temperature for experimental conditions used. The above calculations should not

be overemphasized since extrapolation of Eq. (1) to room temperature almost

inevitably will result in a significant error. In addition, Eq. (7) treats

vacancies as independent defects, ignoring any positive binding energy between

them. In fact, homogeneous bubble nucleation was observed in electron

irradiation experiments at about 150 K (63). We will refer to these experiments

later in this section. It appears, however, that heterogeneous nucleation is

more likely to occur either at low temperatures or upon anneals following

hydrogen charging. Grain boundaries are potential sites for the nucleation.

Evidence for the formation of large bubbles was obtained in the present

study. Large facetted voids were observed on grain boundaries of the

fractured specimens. Typical examples are shown in Figures 58-60. The
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4I

Fig. 58. Example of grain boundary fracture with facetted voids that are

believed to form from preexisting hydrogen bubbles, The specimen

was tested in ultrasonic water bath at a 1.25 x 1O mm/sec

extension rate.

'Is

a N

5um

Fig. 59. An example of individual facetted voids on the grain boundary

fracture surface.
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Fig. 60. An additional example of facetted voids on a grain boundary
fracture.

Fig. 61. A side surface of the type I specimen tested in ultrasonic water
bath at a slow deflection rate of 1.25 x 10-5 nu/sec. Notice two
cracks and an intense shear band which developed between them.

- * ~~ ~ . q u w ~ ~ ~ . - 'Zl Li6~ ~~ .~~. ~*v.
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occurrence of hydrogen bubbles on the grain boundaries was, however, not the

usual case. The tensile specimens of type 1, which exhibited the grain

boundary bubble formation, were prepared without a vacuum anneal at high

temperatures. As was later determined, the source aluminum ingots contained

about 200 appm of hydrogen as result of a prolonged storage (since 1961) in

laboratory air. This material was cold rolled with intervening anneals at

about 300*C. In addition to the observed facetted voids on fracture surfaces,

all samples prepared in this manner revealed a great tendency towards

delamination. No grain boundary voids or delamination were observed in

specimens that were cold rolled without intervening anneals or which were

given a vacuum anneal. We may conclude, therefore, that the hydrogen bubbles

formed during the annealing periods after cold rolling and that these bubbles

caused delamination during subsequent cold rolling. The formation of large

facetted hydrogen bubbles on grain boundaries is facilitated by the ease of

bubble nucleation at the grain boundary and the vacancies produced by cold

work and during the elevated temperature anneals. The high temperature

annealing is also expected to cause growth of the hydrogen bubble which is

driven by surface energy.

Stimulation of hydrogen bubble nucleation by the electron beam in a

transmission electron microscope, see for example Ref. (52), can be accounted

for in the light of the above analysis. It was observed in the present research

(and subsequently further studied (63)) that hydrogen drastically reduced the

threshold for electron irradiation damage and that damage is produced at

accelerating voltages as low as 80 keV; lower than commonly used in modern

TEs. Therefore, high vacancy supersaturation can he assumed to form in the

hydrogen precharged samples under electron beam during TEM study. This effect

* % , -M .-h-A -. ... . -i • .. . - ... , ' . .. *. -~ " '
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together with expected local heating is assumied to cause accelerated hydrogen

bubble nucleation. The increased sensitivity of aluinum to the electron

irradiation damage due to dissolved hydrogen was used to establish the

hydrogen presence in the solid solution of specimens which were precharged and

annealed in vacuum at 3000C. Intense electron beam induced radiation damage

developed in these specimens indicating that hydrogen was still present in the

lattice in significant amounts.

5.3 Hydrogen Storage

In Section 5.1 it was shown that an extremely high hydrogen fugacity is

required to charge aluminum to hydrogen concentrations of the order of 1,000N

appm. Therefore, a very high driving force for the loss of hydrogen is

expected when the aluminum is stored in dry air or in vacuum. It was observed

however, that charged specimens could be stored at room temperature for at

least several weeks while retaining hydrogen at about the level of the freshly

charged samples. In contrast. only a few hours were sufficient to charge

hydrogen into the aluminum. One possible explanation for the above &symmuetry

relates to the hydrogen-vacancy clustering which results in a signficant

reduction of the hydrogen solid solution concentration and, therefore, in a

reduction of the thermodynamic driving force for the outgassing process. In

addition, removal of hydrogen from the aluminum requires dissociation of the

hydrogen-vacancy clusters. The activation enthalpy of this process is higher

than migration enthalpy of hydrogen-vacancy pair and, therefore, the overall

kinetics of hydrogen loss should be slower than in the absence of the

hydrogen-vacancy clusters. Another possible cause for the slow degassing

kinetics relates to a surface phenomena. Since the surface oxide is an ionic
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compound a hydrogen-vacancy pair arriving at the lattice-oxide interface

should dissociate before hydrogen atom diffusion through the oxide. The

activation energy of this process in a metallic lattice is expected to be high

since it is equal to the sum of the vacancy-hydrogen binding enthalpy and

vacancy migration enthalpy. If the migration enthalpy of the hydrogen

interstitial atom is smaller than that of vacancy it should be substituted in

the sum for the vacancy migration enthalpy. We, however, don't know the

migration enthalpy for hydrogen interstitial atoms. As was mentioned earlier,

the binding enthalpy is of the order of 1 eV (15) or 0.5 eV (78) and the

vacancy migration enthalpy is 0.62 eV (84) or 0.66 eV (80), resulting in 1.66

eV or 1.16 eV as the activation enthalpy of the dissociation process. If the

lattice-oxide interface is a perfect vacancy sink, the vacancy-hydrogen

dissociation enthalpy would be reduced by the value of the vacancy formation

enthalpy, 0.66 eV (79). Since the lattice-oxide interface is not a perfect

vacancy sink (58) the actual situation lies between the two bounds.

5.4 Influence of Hydrogen on the Plastic Deformation Process

During the deformation process hydrogen atoms either remain in the

metallic lattice or form atmospheres and move with the dislocations. Hydrogen

atoms in interstitial solid solution are expected to cause solid solution

hardening due to the elastic interaction with moving dislocations. In the

presence of other impurity atoms solution softening is possible due to

relaxation of the elastic fields around the impurity atoms by trapped hydrogen

atoms. Aluminum is a FCC metal and the resistance to dislocation movement by

impurities is expected to contribute to the flow stress only at small strains,

i.e. at the onset of plastic deformation. As our tensile test equipment was
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not suited for precise yield stress determinations. no conclusions can be

drawn about possible hydrogen effects in this small strain range.

In addition to interstitial solute hydrogen, atmospheres of hydrogen are

expected in the vicinity of the dislocations. The binding enthalpy between

hydrogen and dislocations is not known, but the binding enthalpy between grain

boundaries and hydrogen atoms was estimated to be 0.15 eV from solubility data

(14). This value can be taken as characteristic of the hydrogen-dislocation

binding enthalpy. A softening effect caused by hydrogen was observed in both

dynamically charged and precharged aluminum specimens as discussed in Sections

4.2.1 and 4.3.1. From the form of the stress-strain curves we concluded that

the effect was due to a reduction in the strain hardening rate and hence any

explanation should consider the dislocation cutting process which occurs as a

result of interactions of dislocations on different slip systems. We propose

the following mechanism to account for the hydrogen-related strain hardening

reduction: i) moving dislocations sweep hydrogen-vacancy pairs from the

lattice and they diffuse to the jogs; ii) a) dislocation Jogs produce

interstitials as the dislocations move. In the presence of hydrogen,

hydrogen-vacancy pairs at the Jog dissociate; the vacancies annihilate at the

Jog allowing-the Jog to move with dislocation without producing Interstitials

and hydrogen single atoms move with the dislocation; b) dislocation jogs

produce vacancies as the dislocations move. In this case hydrogen-vacancy

pairs exchange their place with atoms at the Jog allowing the Jog to move with

the dislocation. The hydrogen-vacancy pairs stay behind, in the lattice and

no vacancies are produced at the Jog. The above mechanisms lead to a

reduction in the Jog dragging force. Jogs are expected to form as a result of

the dislocation intersection reactions and therefore a reduction in the Jog
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dragging force is equivalent to a reduction in the latent hardening of non-

coplanar slip systems. This should lead to slip on each system persisting for

a larger amount of deformation before it ceases due to interactions with

dislocations on intersecting slip systems. Hence, a coarser slip structure is

expected in the presence of hydrogen than in the uncharged material. This

coarse slip relief on the precharged specimen surfaces was observed as

discussed in Section 4.3.2 as was increased amount of slip line waviness and

cross-slip. The rate limiting step in the proposed mechanism of softening is

hydrogen-vacancy diffusion along dislocations. This process is expected to be

rapid due to enhanced vacancy diffusion along dislocations. The vacancy

migration enthalpy along dislocations, 0.2 eV (82) is much lower than that in

the perfect lattice, 0.62 eV (84) or 0.66 eV (80). The reduction in the jog

dragging force does not account for the enhanced cross slip. The reason for

the latter apparently stems from the increase in the vacancy concentration in

presence of solute hydrogen. As was mentioned in Section 5.2., HB(H-Vac)

0.5 eV leads to a vacancy supersaturation of 2 x 103 per 1 appm of solute

hydrogen. These vacancies are trapped by hydrogen but the complex should be

easily dissociated by reactions with the dislocations since HB(H-Vac) <

Hf(Vac) and vacancies arp consumed by dislocations in the non-conservative

slip process. In addition to an increase in this "equilibrium" vacancy

concentration, there should be an additional vacancy supersaturation due to

the vacancy production by moving dislocation Jogs. Since these vacancies can

also interact with hydrogen, annihilation of these vacancies at jog sinks

should be reduced by the trapping at hydrogen atoms as the thermodynamic

driving force for the vacancy anneal is reduced. The reduced vacancy

annihilation rates follow from the expression

q,
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dC v
-- -(Cv - Ce)

where C. is the vacancy concentration and Ce is the equilibrium vacancy

concentration. Since Ce is increased by the presence of hydrogen atoms by

several orders of magnitude, the rate of disappearance of the supersaturated

vacancies should slow down significantly In the presence of hydrogen atoms.

Softening effects in aluminum due to hydrogen have not been previously

reported. There are however published results which are consistent with the p.

p..,

softening effect. Many investigators have reported a drop in the flow stress

of aluminum when the surface layer was removed by electropolishing (65).

Strain hardening reductions were observed in all three stages of plastic

deformation. These results were generally interpreted in terms of the removal

of surface hardened layers. We found in our study that electropolishing

caused significant hydrogen charging by the aluminum. Assuming that

electropolishing caused hydrogen charging in other studies as well, the

observed softening effects may be associated with the hydrogen introduced by

electropolishing.

5.5 Influence of Hydrogen on the Fracture Behavior

Crack nucleation and propagation took place in the range of general

macroscopic plastic instability which occurred after large plastic deformation

whether hydrogenwas introduced dynamically, during the tensile test or

precharged. This observation strongly suggests that the effect of hydrogen on

the mechanism of fracture lies in its effect on the plastic deformation

process. The stress state during plastic instability does not appear to play

a significant role in the process of fracture. While triaxial stresses are

generated as a result of necking, the degree of necking is small in the
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aluminum sheet speciments. Furthermore, notches of different sharpnesses did

not cause cracking before the onset of macroscopic plastic instability. As

discussed in Section 4, the width of the plastic deformation region around a

propagating crack was significantly reduced in the hydrogen charged specimens. 4

Cracks propagated close to the edge of the slip bands. Whereas a chisel point

type of fracture was common for tensile specimens free of hydrogen, fracture

in hydrogen charged specimens was accompanied by a significantly smaller

reduction in area and the slower the strain rate, the smaller the reduction in

area was. Fracture paths were commonly transgranular but intergranular

fracture was also observed. Some intergranular fracture occurred in

dynamically charged specimens strained at the three slowest strain rates used

and in the precharged and then cold rolled tensile specimens. The morphology

of the transgranular fracture depended on both strain rate and grain

orientation relative to the tensile axis. At the faster strain rates the

fracture mode appeared to be similar to the dimpled rupture type. Hydrogen

charging did not change the amount of macroscopic deformation preceding

development of necking.

It appears that localization of plastic deformation is related to the

fracture process. A great deal of attention has recently been directed

towards the plastic instability induced fracture under flow localization

conditions and the possible role of hydrogen in this process is reviewed in

Ref. (83). According to this model, shear band development first precedes and

then activates the fracture process. The strain localization begins after

significant homogeneous plastic deformation. The role of hydrogen in the

plastic instability development is still unclear, however, such phenomena as

hydrogen induced reduction in strain hardening and void nucleation appear to
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be very important. The role of hydrogen on the void nucleation process was

studied mainly on steels. There is a controversy about the amount of general

plastic deformation preceding hydrogen induced void nucleation. According to

the recent studies, void nucleation starts after the onset of necking, giving

rise to the fast local plastic instability development and triggering fracture.

When the void nucleation process starts, it develops and is rapidly followed by

fracture; making experimental ob-ervation of the hydrogen induced void formation

difficult. The nature and distribution of second phase particles is very

important in the process of hydrogen induced plastic instability.

As was mentioned in Section 5.2 hydrogen supersaturation in aluminum exerts

a strong thermodynamic driving force for void nucleation. The void nucleation

does not appear to occur during uniform deformation; if it did, an earlier onset

of necking would occur in hydrogen charged specimens compared to uncharged

specimens. Earlier development of necking did occur when charged specimens were

annealed at 300 and 3500C prior to the tensile test; in this case hydrogen

bubbles presumably formed in these anneals. To test the assumption that

hydrogen induces void formation close to onset of fracture a type I specimen A

noched from both sides has been tested in the following sequence; slow strain

rate (displacement rate = 1.25 x 10-5 mm/sec) tension was applied with an

applied negative potential relative to a Pt electrode in ultrasonic water bath

until necking began and cracks started from the two opposite notches. At this

point the specimen was dismantled and taken for SEM observation. An intense

shear band developed between the two cracks as shown in Figures 61 and 62.

After the SEM observation the specimen was fractured at a very fast strain

rate and very large dimples were observed on the fracture surface as shown

in Figure 63. This fracture surface differs from other specimens which
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Fig. 62. Area "A" from Fig. 61. Notice the intense slip band matching points

on the opposite crack surfaces are marked with arrows. The shift
along crack path between the matching points suggests local mode II

deformation whereas the specimen was strained in mode I. The small

crack opening is consistent with this suggestion.

h-%"

p.
%

Fig. 63. Specimen tested in two stages as described in text. Well developed

dimples are seen.
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were hydrogen charged or uncharged and tested at the fast strain rates; these

all exhibited a chisel type of fracture like that seen in Figure 51. All

uncharged specimens of type I tested at the slow strain rate equal to that

used in the above test also gave rise to chisel point fracture. The above

test suggests that hydrogen induced void formation occurred before the fast

straining stage.

As was discussed in Section 4.2.2 the fracture appearance of the

dynamically charged specimens was sometimes flat apparently suggesting that a

process other than microvoid coalescence governed the fracture process.

However, it was shown by Lynch (40) that even cleavage like fracture in

Al-6%Zn-3%Mg obtained in LME was composed of shallow dimples. Based on the

experimental observations it appears that the fracture mechanism in our

tensile tests with hydrogen charged specimens was governed by void nucleation,

growth and coalescence processes. The presumed role of hydrogen in the void

nucleation process was already discussed. It is possible that hydrogen

facilitates both void growth and coalescence processes in aluminum due to its

softening effect as was found in the present study. The coalescence process

can be also accelerated by the new microvoid formation along shear band

between growing voids.

As was mentioned in Section 2, an alternative fracture mechanism based on

hydride formation was proposed (71,72). A feature on the fracture surface

which was suggested to be an aluminum hydride was found on fracture surfaces

of hydrogen precharged specimens. It had the appearance of a film and was

sometimes fragmented by a crack network. As was discussed earlier in Section

4.5., x-ray diffraction patterns were obtained from the surfaces of either

precharged sheets or during the hydrogen charging in NaOH solution. Vydride

p - . . . . '''. ,... . -.-. ., . ...:., , .' , . . , , .
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formation at the surface should be facilitated by the high hydrogen

concentration and by the ease of stress relaxation due to the lattice mismatch

between aluminum and aluminum hydride. However, only aluminum diffraction

peaks were found and no evidence was obtained for hydride formation.

Fracture surface having a filmed appearance was often found in the

present study. The formation of the filmed fracture surfaces was faciliated

by decreasing the strain rate in dynamically charged specimens. It occurred

both on transgranular and intergranular portions of the fracture but was more

often observed on the grain boundaries fracture facets. The occurrence of the

filmed fracture was much more common in double cantilever beam specimens made

from 0.25 mm thick sheets than in type I specimens used in dynamical charge

tests. The crack network pattern was always different on the matching

fracture surfaces as shown in Figure 24. In the hydrogen precharged

specimens, filmed fracture surfaces were common in the large grain size

specimens in both uncharged and hydrogen precharged conditions not found in

the precharged small grain size specimens (uncharged small grain size

specimens fractured in completely ductile chisel type of fraction). In many

cases the filmed product was found on fracture surfaces which had the
appearance of a mechanically damaged surface. Very often unfilmed pyramidal

elevations and depressions on the filmed surfaces were found. The lock-in

correspondence between these features was found on the matching fracture

surfaces. These features appeared to have formed after the occurrence of

mechanical damage on the surrounding filmed areas as was discussed in Section

4.2.2. In some cases a black "product" was observed to be spreading out of

the crack tip during the tensile test of large grain size precharged

specimens. The last three observations suggest that the film product

IL
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formation relates to the wear process between opposite fracture surfaces.

Smooth metal surfaces fragmented by the network of fine cracks or

surfaces with a flaking appearance are common observations in wear processes

including small amplitude wear; fretting (66,67). The smooth surface is

formed by the smearing out of the debris. The wear product in aluminum and

its alloys is black and contains about one fourth metallic aluminum and three

fourths of oxide. The oxide is either amorphous alumina or cubic y-aluina as

based on two studies (67). Adhesion and cold welding between the surfaces are

very important at the first stages of the process. Surface delamination and

flaking then proceed. Flakes are often transferred between two opposite

surfaces during wear.

The reasons for wear processes between fracture surfaces are poorly

understood and we will consider several possibilities. As was shown (68)

ductile cracks propagate by alternative shear and by void growth processes.

This alternative shear could in principle cause fretting action on surfaces

behind the crack tip. Such "fretting" would be most likely if the crack

opening is suppressed as would occur when small cracks form ahead of the main

one or when a crack front advances by smaller cracks penetrating ahead of the

main crack. Another possible action causing surface wear is mode 11 or mode

III type of crack loading. While the tensile specimens were loaded in mode 1,

mode III was clearly seen in the 0.25 mm~ thick double cantilever beam

specimens due to their lack of rigidity. While a clear indication of a mode

11 component was not available, two observations suggest its occurrence during

the crack propagation. First, substantial offset was often seen at the crack

root in the precharged type 11 specimens (in these cases cracks were inclined
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to the tensile axis). Secondly, matching features on the opposite fracture

surfaces were in some cases shifted along crack path as shown in Figure 62.

Finally, the reason for the fretting motion may stem from the vibrations in

the testing equipment. Two types of vibration were present in the MTS

machine, one due to the hydraulic pump and second was applied to overcome

frictional forces in the machine especially during slow straining.

The role of hydrogen in promoting fracture surface damage resides in the

localization of plastic deformation at the crack tip and therefore, in the

reduction of the crack opening displacement. The second possibility lies in

the hydrogen induced softening effect. As we could see from the tensile

tests, the larger the strain, the more pronounced softening is. In the wear

process the extent of the deformation attained is much higher than the average

strain in the tensile test and more softening is expected. The softer the

material is the more it is prone to adhesive wear (66). It may be interesting

to investigate the use of hydrogen softening effects in industrial cold

welding processes. Also it is expected that hydrogen reduces resistance of

aluminum against wear.

Filmed surfaces were conmmonly observed in stress corrosion failures

(69,70) and-in hydrogen preembrittled specimens (29,54,71,12) of aluminum base

alloys. The film products were identified as amorphous aluminum oxide or

hydroxide (69). Aluminum with some y-A1 203 (70), aluminum hydride (72),

aluminum (71) and boehmite with diaspore, mixture of aluminum hydroxide and

oxide (54). In reference (11) a suggestion was made that the filmed product

was originally aluminum hydride that decomposed to aluminum. The method of

identification .of the film product was the same in (70) and (71), electron

diffraction pattern from the fracture knife edges. Despite that in the former
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case stress corrosion fracture was investigated, in both studies an almost

exclusively aluminum diffraction pattern was reported. The diffraction

pattern was of the polycrystalline type for the hydrogen embrittlement

fracture; an observation that could not be explained in view of the small

diameter of the electron beam. Unfortunately no information of this type has

been given in the case of stress corrosion fracture. There are number of

additional difficulties in interpretation of observations made in the studies

(54,71,72), which stem from the assumption that the filmed product existed in

the metal prior to the mechanical test. These difficulties, mainly pointed

out by the investigators themselves are a) mechanical properties can be

totally recovered by a re-heat treatment process; b) mechanical properties can

be restored totally or partially by the use of a fast strain rate; c) no film

products were found in internal structure of material; d) film product are

more voluminous than the host lattice, however, no wedge effect like that in

exfoliation corrosion was found.

All these difficulties are resolved in a self evident way if fracture

surface wear approach is taken. The only evidence in favor of the aluminum

hydride nature of the film product is an observation of a diffraction pattern

claimed to correspond to aluminum hydride. Some doubts about this finding

exists. As pointed out by Tuck (54), lines reported by Ciaraldi (72) are in

the range shared by number of different substances. Another point refers to

the fact that aluminum hydride is very unstable in TEM observation and

decomposes totally in 20-50 seconds (27), whereas the film product was stable

during the TEM study in (72).
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6. SU"IARY AND CONCLUSIONS

1. Pure aluminum absorbs large amounts of hydrogen, in excess of 1,000

appm, during corrosion in aqueous corrosive environments; especially in

the alkaline range.

2. There is indirect evidence that hydrogen introduced by corrosion is

bound with lattice vacancies in aluminum. Evidence for this is bulk

vacancy clusters and a decrease in the length of aluminum during a

corrosion reaction in an alkaline solution. Vacancies are produced in

the corrosion reaction and additional evidence for this is grain growth

during the hydrogen charging.

3. The rate of hydrogen degassing from aluminum which was charged by

corrosion is extremely low at temperatures up to 300C.

4. Absorbed hydrogen alters the plastic deformation behavior of pure

aluminum as can be observed on both the macroscopic and microscopic

scale. Hydrogen causes softening due to a reduction in strain

hardening. The softening is increasingly pronounced as the amount of

plastic deformation increases. Hydrogen causes localization of plastic

deformation. This effect manifests itself macroscopically in coarse

slip band formation in hydrogen precharged tensile specimens and in a

narrowing of the plastic deformation region adjacent to a propagating

crack in double cantilever beam specimens. The plastic localization

effect is also seen as a coarsening of slip lines and an increase in

their spacing. In addition to the slip structure coarsening hydrogen

precharged specimens show more wavy slip pattern indicating greater

extent of the cross slip than in uncharged aluminum.

II
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5. Absorbed hydrogen did not cause an earlier onset of localized

deformation, i.e. necking. A decrease of the extent of uniform plastic

deformation was observed for specimens annealed at 600% followed by

hydrogen charging and then by anenaling at 300% or at higher

temperature. This decrease in the uniform strain did not occur when the

final annealing temperature was 200°C or lower.

6. Absorbed hydrogen did not cause a reduction in amount of plastic

deformation in precharged tensile specimens during necking

development. This is believed to be a result of the fact that the

fracture process occurred only at final stage of the necking

development. The amount of macroscopic plastic deformation in the

necking stage was reduced when hydrogen was charged dynamically, i.e.

during tensile test. Fracture in this case started shortly after onset

of localized necking.

7. Fracture of either charged or uncharged tensile specimens always

occurred during plastic instability even in specimens which were pre-
N

notched. The amount of plastic deformation during crack propagation was

reduced by the absorbed hydrogen as judged from the reduction in area of

the fracture surface of the tensile specimens. The slower the strain

rate the greater the extent of the "brittle" fracture. The morphology

of the fracture surface changes from a chisel point fracture in

uncharged specimens to transgranular and/or intergranular fracture in

hydrogen charged specimens. Transgranular fracture was observed more

commonly in these hydrogen charged specimens.

8. Macroscopic hydrogen embrittlement which manifested itself as a

reduction In the amount of necking preceding fracture, as a reduction of

V. -'.. - .*.v* -*..- . ,- f.-,. . . . ,.- ~*.. . . - . -, ,



macroscopic plastic deformation during fracture, and as a change In

fracture morphology is consistent with a plastic deformation

modification mechanism and is not consistent with lattice decoheslon

theory and with hydride induced brittleness.

9. The film that sometimes covered fracture surfaces and that often was

fragmented by a crack network (mud crack pattern) is a post fracture

phenomenon believed to be a result of adhesive wear between fracture

surfaces.*

IrN per,
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Appendix A

Hydrogen Absorption During Electropolishing

Electropolishing in a perchloric acid solution (Section 3.4) was employed

for macroscopic electropolishing at temperatures of about -150C. Platinum

wire was used as a cathode with a potential drop of about 30 V between the

electropolished specimen and the cathode. Direct evidence from hydrogen

analyses and indirect evidence from observed decreases in the flow stress of

tensile specimens and from the blistering of thin electropolished sheets,

showed that electropolishing was accompanied by hydrogen charging of the

aluminum. About 300 appm of hydrogen was found in 0.5 mm thick tensile

specimens electro-polished for 3-4 min.

Surface blistering developed during SEM observation of electropolished

thin (less than 0.1 mm thick) sheets of aluminum. Blisters formed in less

than one minute of observation under the SEM electron beam (25 kV) held on the

same spot on the specimen surface. When nearby blisters grew they merged

giving rise to large size blisters as shown in Figure Al. Blister formation

is assumed to result from the surface heating of the hydrogen charged surface

by the electron beam. It is not generally observed if the electron beam is

rastered across the usual specimen area. In thicker electropolished sheets

fine network of cracks formed and grew during the SEM observation as shown in

Figures A2 and A3. The crack pattern was sometimes formed very quickly, but

usually required maintaining the electron beam on the same spot for several q.

minutes. No cracks or blisters were observed in the optical microscopic

examination before SEM observation nor were any seen at the beginning of the

SEM observation. The nature of the cracks is unclear. If hydrated oxide
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formed during electropolishing, cracks could form due to its dehydration under

the SEN electron beam. Cracks, however, were not observed in the optical

microscope after the electropolished surface was locally heated to about 2000C

using a localized electrical heater. Figures A4 and A5 show a case where

cracks were observed in the blister shell. Blisters first formed and grew

under the SEN beam. Other areas of the same sample were then studied. When

the beam was returned to the original areas, the blister shell was found to be

cracked and to have collapsed onto the specimen surface.
-.

Hydrogen charging during electropolishing is not a phenomenon exclusively

confined to electropolishing in perchloric acid solution as can be seen from

the following example. Two 0.25 mm thick aluminum sheets were placed in an

alkaline (NaOH) solution with pH 12 and a potential difference of 4 V was

applied between them. After overnight exposure we found the surface of the

anodic sheet to be "mirror-like" i.e. electropolishing took place. Hydrogen

analyses of the anodic sheet showed 1,570 appm of hydrogen.

p..

S..

p.
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0,

0

Figure Al. Blisters formed under an electron beam on the surface of thin
electropolished sheet. The largest blister in the center formed by
the merging of smaller ones.

0

Figure A2. A crack network formed on the surface of electropolished sheet
under SEM electron beam.

Figure A3. Area "A" in Figure A-Z at higher magnification. *0

0

...............



119

4WS

T Tk lip-i



120

Figure A4. A group of merged blisters formed and grown under the SEN beam.

S. 1

Figure AS. Same area as in Figure A4. Other areas were observed for about
30 min after the blister formation and before the SEM beam was
returned to this area. Multiple cracks had formed in the collapsed
blister shell in the interim period.

. . .



Appendix 8

Localized Aluminum Dissolution

One group of the Type I tensile specimens was slowly extended until

fracture in an ultrasonic bath with a cathodic potential of 10 V relative to a

Pt anode applied to the specimens. Long, branched tunnels developed from the

side surfaces and these were exposed on the fracture surface when a crack

propagated through the tunnels. Typical examples are shown in Figures 81 and

B2. The increase in alkalinity of the corrosive solution resulting from a '.

cathodic reaction is a known phenomenon, see, for example, (60). and was also

observed in the present work. Alkalinity increases presumably due to the

following reactions (60):

02 + 2H20 + 41 + 40H-

or

2H420 + 2e + H2 + 20H.-

We assume that the tunnel's formation resulted from alkaline local attack and-

from the surface film disrupture by ultrasonic field. When aluminum sheets

are used to produce capacitors, pitting is introduced on purpose to increase

surface area and, hence, capacitance. It seems interesting to investigate the

observed tunnel formation phenomenon for this purpose.

e :.
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Figure B1. Fracture surface of the specimen tested in ultrasonic water both
under a cathodic potential. Branched tunnels are marked with
arrows.

lo- O

Figure 92. DIe fracture surface opposite to that showrn in Figure R.
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